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I 
PREFACE 

This dissertation describes original work which 

has not been submitted for a degree at any other 

University. 

The investigations were carried out in the 

Department of Metallurgy and Engineering Materials of 

the University of Newcastle upon Tyne during the period 

October 1971 to October 1974 under the supervision of 

Professor K. H. Jack. 

The thesis describes a study of the mechanical 

properties of some nitrided binary iron alloys and is 

part of a wider investigation being carried out at 

Hewcastle on the effect of substitutional alloying 

elements on the behaviour of interstitial solutes in 

iron. 
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ABSTRACT 

When binary iron alloys containing strong nitride 

forming elements such as vanadium, niobium, titanium, 

molybdenum or chromium as the substitutional solute are 

nitrided under suitable conditions, a homogeneous dispersion 

of coherent, disc-shaped particles precipitateson the 

ferrite cube planes. Initially, the particles give rise to 

continuous streaking on electron diffraction patterns and, 

after subsequent heat treatment, overage to the equilibrium 

alloy nitride. 

Although the internal friction Snoek peak of the 

nitrided alloys is extremely small and substitutional- 
I interstitial interaction peaks are absent, relatively strong 

damping is observed at 150 - 2300C. Broad, assymmetric 

peaks occur indicating a distribution of relaxation times, 

the peak temperature being dependent on the associated 

microstracture. A qualitative interpretation for the origin 

of the peak is outlined based upon the movement of nitrogen 

atoms in the elastic strain fields surrounding the 

precipitated particles'. 

Nitrided alloys with as little as O. lat. % substitutional 

solute produce large strength increasesq the maXimUm 

strength being obtained at the smallest particle size. The 

Yield strength is proportional to the square root of the 

Volume fraction of precipitated phase and is strongly 
temperature dependent. When coherent particles are 
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precipitated deformation occurs by particle shearing and 

electron micrographs of the deformed microstructures show 

that slip is predominantly on ý1103., planes wi th 

dislocations having a Burgers vector of a/2<111> The 

major part of the high initial strengthening is thought to 

derive from the energy required for dislocations to shear 

the coherent particles. A change to an Orowan type 

deformation mechanism occurs when the particles become 

incoherent. 

p 
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INTRODUCTION 

Ilitriding has been used since 1923 as an effective 

surface hardening method to produce steels with improved 

fatigue and wear resistance. The high surface hardening 

is a result of the interaction of substitutional alloying 

elements with interstitial nitrogen. The commonly used 

materials are either Nitralloy steels containing alumin- 

ium, or chromium-molybdenum steels containing about 

" Cr and 0.5 at. % Mo. High hardnesses can also be 3 at. ý%) 

obtained by nitriding, under suitable conditionst binary 

iron alloys containing small amounts of a reasonably strong 

nitride forming element such as titaniums vanadium or 

niobium. 

There have been many investigations into the effects 

of precipitation in alloy steels containing nitrogen, 

although the exact modes of the early stages of precipi- 

tation are not always clear. Additions of vanadium and nio- 

bium have been made to steels for many years in order to 

increase the yield strength. Both elements are well known 

for their secondary hardening capability and more recently, 

the precipitation of vanadium or niobium carbonitrides has 

been observed in isothermally transformed and controlled 

rolled steels. The development of high strength steels is 

based on increasing the resistance to motion of dis- 

0 
locations. In order to achieve the highest strengths it is 

necessary to produce a fine dispersion of nitrides 
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or carbides in ferrite, and it seems likely that this can 

be achieved most successfully by homogeneous precipitation. 

Obviouslyt a clearer understanding of the methods by which 

these materials are strengthened should be invaluable in 

the future development of higher strength materials. 

Research into the effects of substitutional alloying 

elements on the behaviour of Interstitial solutes in iron 

was started at Newcastle in order to obtain a more 

thorough understanding of the nucleation, growth and 

characterisation of phases precipitated from steels. 

Although the concentrations of interstitial and substitu- 

tional, alloying elements in commercial ferrous materials 

are small, it is necessary to have a detailed knowledge of 

the phase relationships and thermodynamics of the whole of 

the appropriate multi-component systems. 

Previous investigators found difficulty in studying 

the effects of precipitation in a complex matrix under 

conditions where the driving force for precipitation was 

continually changing as the solute content was depleted. 

These problems have been avoided by treating binary iron 

alloys in 'constant activity nitridingt gas atmospheres* 

Despite the fact that the initial research used nitrogen 

as the Interstitial solute in ferrous alloys, subsequent 

research bLt Newcastle has shown that the general principles 

*- of 'constant activity nitridingt can be applied to other 
interstitial solutes, such as carbon, oxygen and hy'drogen, 
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in a wide range of alloys. 

The nitriding reaction is diffusion controlled and 

consequently the effects produced by substitutional 

alloy elements upon interstitial nitrogen change markedly 

with nitriding temperature. At temperatures above about 

6500C substitutional solutes can move readily through 

the iron matrix and therefore, alloy nitrides are precip- 

itated; the particular nitride or sequence of nitrides 

precipitated being predicted from the thermodynamics of 

the system. At temperatures below about 450 0C substitu- 

tional solutes are almost immobile, but because they 

change the activity coefficient of nitrogen in iron, they 

affect the amount, size and rate of precipitation of iron 

nitrides from solid solution. 

The most important aspect of the present research is 

in the range 450 - 6500C. At these temperatures substitu 
tional atoms move only a few atomic distances in the same 

time that nitrogen atoms can move over considerably larger 

distances. In these circumstances a sequence of homo- 

geneous transformations may occur prior to the formation 

of the equilibrium alloy nitride. Previous work at 

Vewcastle has shown that the first stage of precipitation 

occurs by the formation of extremely small disc-shaped 

particles (substitutional-interstitial solute-atom 

clusters or GP zones) on the f1003 matrix planes. 
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The gones are produced Isothermally at 400 - 650 0C In 

iron which contains small amounts of substitutional alloy 

elements having a reasonably strong affinity for nitrogen# 

such as vanadiumq niobiumq titaniumt molybdenum or 

chromium, by 'constant activity nitriding'. Once formed 

the zones are exceptionally hard and are very stables 

persisting even after prolonged ageing at temperatures 

up to abcut 700 0 C. Both substitutional and interstitial 

solutes are required to produce this hardening, and the 

precipitation sequence goes thrcugh some, or all, of the 

stages recognised in the classical work on Al-Cu alloys: 

GP zones - 
one or more metastable _ 

equilibrium 
intermediate precipitates precipitate 

Following these observations on the precipitationt 

kinetics and structural changes involved in the ternary 

nitrogen ferrites, an exploration of the internal friction 

and mechanical properties at the different stages of pre- 

cipitation seemed advantageous. 

Experimental techniques used in this investigation 

Include controlled metal-gas equilibriationg X-ray 

diffraction, electron metallography, internal friction and 

mechanical testing, together with the standard metallo- 

graphic techniques. 

0 
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Chapter I 

BACKGROMM INFORMATION 

1.1 GP zone formation in ferrous alloy 

In any system GP zones are metastable with respect to 

the equilibrium precipitate and so have a higher solubility 

(see Jack, 1973). The high Eupersaturation, which is the 

driving force to form zones, can only be obtained conven- 

tionally by cooling to low temperatures and here the solute 

atom diffusivity is -too small to allow clustering unless 

there is an abnormally high concentration of quenched-in 

vacancies. These conditions are not met in b. c. c. metals 

and so GP zones are not usually obtained in dilute iron 

alloyE;. However, high supersaturations relative to the zone 

solvus can be produced isothermally at temperatures in the 

range 450 - 6500C by constant activity nitriding in control- 

led ammonia-hydrogen gas mixtures. This allows the form- 

ation of zones in much greater densities than can be pro- 

duced by any quench ageing procedure. An example of the 

presence of a zone solvus is obtained in Fe-3at. %Mo alloys. 

A low nitrogen potential (111H 
3 : 99H2) is insufficient to ex- 

ceed the zone solvus and so under such conditions homo- 

geneous precipitation does not ocicur; insteado the equilib- 

rium nitride is slowly formed by heterogeneous nucleation. 

On the other hand, using a potential of 61M 3: 94H2 results in 

IV 
the homogeneous precipitation of small coherent particles. 
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The conditions necessary for zone formation are 

shown in figure I. I. The nitrogen potential must exceed 

that of the zone solvus, but must be insufficient to 

precipitate iron nitrides. There must also be an inter- 

action between nitrogen and the substitutional solute 

atoms. The most effective solutes are those which in- 

crease the solubility of nitrogen prior to precipitation; 

that isq they decrease the activity coefficient of nitro- 

gen in iron and have a high chemical affinity for nitro- 

gen. Solutes which most suitably meet these requirements 

are titanium, vanadium and niobium, and so with these 

solutes only small atomic concentrations are required to 

form zones. 

Another condition which must be satisfied is that the 

temperature should be high enough to allow the substitu- 

tional atoms to move over short distances, but must not be 

excessively high; otherwise large scale movement will 

allow the nucleation and growth of the equilibrium alloy 

nitride. Suitable temperatures are those in the range 

450-6500C. but they depend to some extent on the partic- 

ular alloy system. For example, zones have been produced 

at temperatures as low as 3500C in Fe - Ti -V alloys. 

Therefore, the flux of nitrogen relative to that of the 

metal atoms appearSto be just as important as the subs- 

titutional-interstitial interaction. 
v 
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The importance of oxygen as an impurity in the pre- 

cipitation sequence is also apparent. In some systemsj 

oxygen may stabilise one structure at the expense of 

another. For examplep in the Fe-Mo-N system f. c. c. 
Y-'Mo2N' is really an oxynitride whereas the true binary 

nitride is c. p. h. C-M02N. Roberts (1970) has also shown 

that the phases precipitated in the Fe-Vb-N system are 

dependent upon the oxygen potential. Oxygen acts as a 

barrier to the transport of nitrogen, and by being ab- 

sorbed at particle/matrix interfaces, it affects the mor- 

phology, size and dispersion of nitride precipitates (see 

Roberts, 1970). It seems possible, in view of these 

observations, that the oxygen potential of the gas atmos- 
r- 

phere will influence the formation of GP zones in ferrous 

alloys. 

12 Constant activity nitriding 

At normal nitriding temperatures interstitial nitrogen 

can move much more rapidly than substitutional solutes. 

The concentration of nitrogen dissolved in iron can be 

maintained very precisely by equilibriating the specimen with 

the appropriate pressure of molecular nitrogen or, more 

easily, with a given M3 : H2 gas mixture. The nitrogen 

concentration is given by either: 

Vit -%N = KI. pN 2 0000*00 
(1). 1 

or TI t. Cl,, N Kit 
* 

1/1 
9*. *e** 

(I)ý2 
PN'13/; ý2 
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but KIIP KI so that very large pressures of molecular 

nitrogen are required to introduce the same concentration 

of nitrogen as obtained from a NH 3: H2 gas mixture at one- 

atmosphere pressure. If nitrogen is removed from solution 

by precipitations for example as an alloy nitrideq it is 

immediately replenished from the gas atmosphere to the 

equilibrium value, and the process continues until the 

matrix is completely depleted of substitutional solute. 

When nitrogen combines with an alloying element it is pre- 

cipitated at a rate controlled by the slowly diffusing 

substitutional solute and is replaced from the constant 

activity nitriding atmosphere at a rate determined by the 

rapidly diffusing interstitial solute. The decrease in 

driving force for precipitation, characteristic ofý quench- 

ageing, is avoided and precipitation occurs continuously. 

Figure 1.2 compares the principles of quench-ageing with 

those required for GP zone-formation by constant activity 

ageing. 

qr 
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Chapter II 

PREVIOUS INVESTIGATIONS 

iron-nitrogen alloys 

In the iron-nitrogen systems shown in Pigure IIA 

(Jack, 1951 a ), there are seven phases. Pace-centred 

cubic nitrogen austenite is isostructural with carbon 

austenite and exists down to 590 0 C. At this temperature 

the nitrogen concentrations in Y and o/- iron are 9.4 and 

0.4 at. 7o respectively. X1- Pe4N has a face-centred 

cubic arrangement of iron atoms like austenite but the 

nitrogen atoms are fully ordered and occupy one-quarter of 

the available octohedral interstices. The 6 -phases which 

extends from about 20 to 33 at. ýX, that is approximately 

-Pe N to Pe Ns has a close packed hexagonal arrangement of 42 

iron atoms. Orthorhombic -ý-Fe2N is a distorted mod- 

ification of 6 formed by a change in the nitrogen-atom 

ordering. 

Body-centred tetragonal nitrogen martensite ( d) is 

isostructural with carbon-martensite and is obtained by 

quenching nitrogen-austenite, cx, Fe16112 occurs as an 

intermediate precipitate during the tempering of nitrogen- 

martensite or upon ageing supersaturated nitrogen-ferrite. 

The solubilities of Y-Fee and 0, -' - Ile 16IT2 in body 
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centred cubic ferritet together with that of molecular 

nitrogen at a pressure of one atmosphere, are shown in 

Pigure 11.2. 

11.2 Fe-V and Pe-V-N alloys 

The Pe-V equilibrium diagram is shown in Pigure II-3(a) 

(after Hansen$ 1958) and is based mainly upon the dilato- 

metric work of Lucas & Fishel, (1954) and thermal analysis 

by Wever & Jellinghaus (1930). It is supplemented by 

X-ray studies of Masteurs & Duwez (1952). 

The solubility of VN in X-Fe and Y-Fe has been 

measured by Fountain & Chipman (1958) and by Frohberg & 

Graf (1960) using alloys of up to 0.5 wt. ý-V, The only 

nitride observed in the range 750 - 12500C was f. c. c. VN. 

An extension of this work to C-Mn steels, by Irvine et al 
(1967)., found that mangane'se slightly increased the 

solubility of VN. Phillips & Seybolt (1968) observed that 

ion-nitriding an Fe 
.-1.1 

at%V alloy produced a high hard- 

ness due to a fine dispersion of discs, which were tenta- 

tively identified as V11, of approximately Inm thick and 
4m diameter precipitated on the ferrite cube planes. 

Constant activity 

up to 2.25 at. %V beloi 

geneous dispersion of 
ferrite planes (Pope, 

. 
nitriding of Fe-V alloys containing 

v 6000C was f ound to produce a homo- 

disc shaped particles on ý100) 

1972); but from the experimental 
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evidence it was difficult to decide whether the first 

stage of homogeneous precipitation consisted of very fine 

platelets or of Pe-V-N disc-shaped clusters. If it was 

the former, then abnormally high concentrations of addi- 

tional nitrogen were accommodated in the distorted ferrite 

lattice around the particles. 

11 -3 Fe-Nb and Pe-Nb-N allovs 

The maximum solubility of niobium in ferrite in the 

range 450 - 800 0C is only 0.3 - 0.6 at. /Olb, (see Pigure 

II-3(b), after Hansen 1958). -Alloys with a higher nio- 

bium content than this contain precipitated Laves phase 

(hexagonal Fe2Vb with. the ]AgZn2 structure). 

Little systemmatic work on precipitation from Fe-hTh-17. 

alloys was done until Roberts (1970) found several diff cxcnt 

phases in ferritic Pe-11b alloys nitrided at temperatures 

above 500 0C under the conditions shown in Figure 11-4. 

These includeý-A, -Pe'TNN4 2-Pellb 2N2 p -NbN (0) 
,6 -jTbhT(O)and 

NbN. 

A, 
-PeNb 4 114 exists over a wide range of homogeniety 

and has a hexagonal structure with tyPical unit-cell 

dimensions as 5.192; at 10.36R; c/a, 1.977. The struc- 
ture of A2_PeITb2N2 is undetermined and exists over only a 
small range of homogeniety. g-NbN(O) has a lower oxygen 
content than C- NbN(O)and transforms to the latter after 
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prolonged nitriding at temperatures above 700 OC in NH OH 3* 2 
gas mixtures. 

Mixed substitutional-interstitial solute-atom clusters 

are formed isothermally in Pe-Nb alloys during nitriding in 

NH 3 :H2 mixtures at 400 - 6500C (Roberts, 1970) and the 

sequence of homogeneous precipitation goes through similar 

stages to those found in the GP zone formation in Al-Cu 

alloys. The semi-coherent disc-shaped intermediate pre- 

cipitate has a body centred tetragonal structure of the 

Ce -Fe16N2 type cont4ining some substitutional niobium 

atoms. After prolonged. ageing at 600 - 8000C, 'transform- 

ation of ferrite to austenite occurs with the precipitation 

of 
ý 

-NbN* 

11-4 9,, uench-aged Pe-N and Pe-X-IT alloys 

Dijkstra (1949) showed by internal friction and metal- 

lographic methods that at 2500C the precipitation of nitro- 

gen from quencli-aged nitrogen ferrite is a two stage process. 

Using X-ray techniques Jack & Maxwell 0952) showed that the 

ititial precipitate was 06! Pe 161T2 a phase characterised 

by Jack (1951 b) during the low-temperature tempering of 

nitrogen-martensite. The structure of Ve16 112 can be 

considered merely as eight unit cells of body-centred cubic 

iron strained anisotropically due to the presence of nitro- 

gen (see Pigure 11-5). The nitrogen atoms occupy one 
0 
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twenty-fourth of the available interstices, but in ouch a 

manner a8 to expand the lattice in the a direction only. 

There is a consequent small contraction of the lattice in 

the a directions. 

Electron microscope investigations (Bookert Norbury & 

Sutton, 1957; Keh & Wreidt, 1962; Hale & McLean, 1963) con- 

firmed the orientation relationship proposed by Jack & 

Maxwelý, that is: 

Would// (000a v Dool"C', // ofoloc 
The phase readily precipitates as discs because of the 

excellent lattice "fit" in two directions,, and the large 

degree of "misfit" in the third (-- 11 %). 

Recent work by Roberts (1970) shows that at high super- 

saturations and at low temperatures (Z -200C) precipitation 

Of(v-'IFel6N2 is homogeneous and occurs via GP zone form- 

ation. As the temperature is increased and the supersatu- 

ration decreased? precipitation becomes heterogeneous (see 

Pigure 11.6). 

I 
The equilibrium phasepld-pe 4 19 t precipitates at the 

expense of 04 
11 r016 N2 after longer 

I 
ageing times. The 

orientation relationship between 'ýý-Pe4y and o4-pe 18 

shown by Mehl, Barrett & Jerabek 0934) and by Booker, 

Norbury & Sutton (1957) to be: 

(210)01 11,01XI // rooll, 
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and grows as plates so that (112)Zfl is parallel to the 

plate surf ace. 

Keh and Wreidt (1962) studied the precipitation of 

nitrides by electron metallography in quench-aged Fe-N 

alloys and found that the precipitated nitride, identified 

as Fe16N2j had ý1003,,, habit planes. Nucleation was obser- 

ved to take place preferentially at dislocations and sub- 

boundaries, although some matrix precipitation was detected. 

From studies of the changes in mechanical properties and 

microstructures of deformed quench-aged Fe-N alloys, it was 

concluded that a transition in the deformation mechanism 

from particle cutting to an Orowan type mechanism occured. 

(Hale & McLean, 1963; Keh, 1963). 

Even at temperatures where their diffusivities are 

( 

negligible, the substitutional solutes still have a marked 

effect on the precipitation of iron nitrides from super- 

saturat6d ferrite. Most of the transition elements (X) 

X 
decrease the activity coefficient of nitrogen (fN in iron 

but silicon and carbon increase it. Changes in precipitate 

size and distribution, with changes in the substitutional 

solute concentration in Fe-Mn-N (Pipkin, 1967), Pe-Mo-N 

(Speirs, 1969), Pe-Si-N (Roberts, 1970). Fe-Cr-N (Mortimer. 
9 

1971) and Fe-V-N alloys (Pope, 1972) are explained in terms 

of the effect of the substitutional solute upon the aqtiv- 

ity coefficient of nitrogen. The variation of nitrogen 

activity coefficient with an alloying element in liquid 
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iron is -shown in 'Pigure 11-7., where the plot of log 4, '. 

against wt. %X is approximately linear. At lower temper- 

atures, as solutions become less ideal, the effects 

become more marked. The amount and nize of nitride pre- 

cipitates are found to be larger, and the rate of pre- 

cipitation slower, for elements which decrease fx such as V 

molybdenum, chromium, vanadium and other transition metal 

solutes. The reverse effect is true for Pe-Si alloys, 

since silicon increases f"* 
N 

11-5 HomogEneous-Tmiottation in Fe-X-N alloys 

-Speirs (1969) showed that comtant activity nitriding 

of Pe-l-lo alloyst containing from i to 3 at. %Mo in the temp- 

erature range 400 - 6000C, produces very hard material 

associated with the homogeneous nucleation of coherent 

particles on f1007, matrix planes. These first formed 

particles were subsequently shamntolmmixed substitutional - 

interstitial solute-atom clusters (Speirs et al 1970). 

Similar observations were made during the constant activity 

nitriding of ferrous alloys containing small amounts of a 

number of substitutional alloying elements, such as niobium 

(Roberts, 
-1970). chromium (Mortimer, 1971), vanadium (Pope, 

1972)p titanium (Jack, 1970) or tungsten (Stephenson, 1973). 

Thp precipitation produces marked hardness increments and, 

once formed, the particles are very stable. Both substitu- 

tional. and intersti . tial, solutes are essential to form 
OP 

clusterss and the homogeneous precipitation sequence lead- 

ing to the precipitation of the equilibrium alloy nitriae 



Fig. IL 7 

lzý 

0.8- 

0-4- 

x Log N 0; 

-0., 

-0- 

-ýZz: z z-:: 

Ti 
ýstlmated) 

24 
WoAlloying element. X. 

C. 

si. 

Co, Ni. 
At. 
wmo. 
Mn. 
Ta. 
CE. 
N 

V. 

6 

- 
THE EFFECT OF ALLOYING ELEMENTS ON THE 

ACTIVITY COEFFICIENT OF NITROGEN IN IRON AT 160CrC. 

j from Schenck et. at. (1958) &. Pehlke and Elliott (1960). ] 



16 - 

goes through similar stages recognised in the classical 

work on Al-4wt. %Cu alloys: 

J) disc-chaped clusters are formed on floO7 matrix ý3 
planes (GP zones); 

ii) the formation of one or more intermediate meta- 

stable phases, which are coherent at first and then become 

incoherent; 

iii) precipitation of the equilibrium precipitate. 

Although this represents the general pattern of the 

precipitation sequence, each particular Fe-X-N system is 

different in detail. 

In the Pe-Mo-N (Speirs, 1969). Pe-Nb-N (Robertsq-1970) 

and Pe-W-N (Stephenson, 1973) systems, the diffraction pat- 

terns of the first intermediate phase are all similar to 

that of oe- - Pe 16 N2even though the equilibrium precipitates 

(1-1? e 3 Ito 3 N, Y 
-NbN and g-WIT respectively) are quite differ- 

ent. In Fe-Mo-N and Fe-Nb-N alloys each precipitation 

stage is clearly defined, whereas in Fe-YI-N alloys stage 

two is the first to be recognised. In Fe-V-N (Pope? 1972). 

Pe-Cr-N (Mortimer, 1971) and Fe-Ti-N (Henderson, 1974) 

systems, dense, fine scale precipitation is also observed. 

Howeveri from the experimental evidence obtained it is 

impossible to decide if the initial particles are clusters 

v- or small nitride precipitates. Subsequent ageing of these 
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particles produces incoherence normal to the plane of the 

disc along one of the cube directions of tI-B matrix. The 

f. c. c. alloy nitrides form without any evidence for the 

presence of any intermediate precipitates, and are found 

to obey the Baker-Nutting (1959) orientation relationship: - 
(001) 

XN 
// (0 01 )oe 9 

1110]XN // [MIN 

(XN is the particular f *c. c. alloy nitride such asL VIT) 

The changes observed in the binary iron alloys nitri- 

ded above 450 0C are very similar to the stages of homo- 

geneous precipitation which occur in quench-aged Fe-N 

alloys. The effect of the substitutional solute is to 

stabilise the transformation structures to higher temper- 

atures by 400 - 6000C compared with the Fe-N system. 

In the early stages of precipitationp the thin disc- 

shaped clusters observed by Speirs (1969) (see Pigure 11.8) 

are microstructurally similar to the GP zones observed in 
I Al-Cu alloys and to that of 04! -Pe 16 N2 in quench-aged Fe-N 

alloys (see Figure 11.6, after Roberts, 1970). The clus- 

ters produce continuous streaking on electron diffraction 

patterns in <100> matrix directions, a characteristic of 

thin plates on fiOOIIplanes. The micrograph of Pigure 11.8 

is of a Pe-3at. %Mo alloy nitrided to peak hardness and 

shows a high density of disc-shaped clusters lying on 

matrix planes; the clusters have diameters of 10 - 15nm, 

typical interparticle spacings of 5- 10nm, and they appear 

I 

to be less than 2nm thick. Because the coherency strains 



Fig. 11.8 



Fig. 11.8 

Fe-3at. % Mo nitrided to peak hardness 
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between the clusters overlap, the individual platelets are 

not resolvable. Similar micrographs are observed in other 

ternary Pe-X-N systems after constant activity nitriding 

under suitable conditions. 

Homogeneous precipitation does not occur in all sys- 

temB; for example, in Fe-Al-N alloys, finely dispersed 

AlN forms by continuous heterogeneous precipitation on 

dislocations propagated by the incoherent formation of 

earlier precipitates (Podgurski et al, 1969). 

When clusters or precipitates are only two or three 

atom layers thick, their structures and compositions can- 

not be determined with certainty. The most direct evidence 

of clustering has been obtained by transmission electron 

microscopy and field-ion microscopy combined with atom 

probe analysis. A typical field-ion micrograph of constant 

activity nitrided Fe-3at%Mo is shown in Figure 11.9 (after 

Driver & Papazian, 1973). The micrograph shows the disc- 

shaped, fully coherent clusters with a 
[1003. habit plane. 

The clusters are only 0.6 - 1.2nm thick and have an appar- 

ent interplanar spacing of 0.27 1 0-05n: m. These observ- 

ations were interpreted on the basis of the clusters having 

a body-centred tetragonal structure in which some iron 

atoms are partially or completely ordered on alternate 

fOO23 &-10 Pe IT cýc planes, i. e. with a 16 2 type structure of 

composition near Fe, 2110 4 N2* 



Fig: 11.9 



Fig 11.9. 

Field ion micrograph of nitrided Fe-3at%Mo 
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Further evidence of clustering has been obtained by 

hydrogen reduction experiments on a Fe-3at. %Mo alloy nitr- 

ided to peak hardness (Unthank, Driver & Jack, 1972). 

Hydrogen reduction at the nitriding temperature removed all 

except a trace of nitrogen, yet electron microscopy still 

showed disc-shaped clusters of molybdenum atoms, which gave 

continuous diffraction streaking in <100)64 matrix direct- 

ions. No such clustering occurred in Fe-3at. %Mo without 

the nitriding treatment, nor did it occur by decomposition 

of the equilibrium nitride precipitate. Thereforet the 

constant activity nitriding of Fe-Mo alloys produces meta- 

stable clusters, rather than stable molybdenum nitride 

precipitates. 

Recent work by Krawitz & Sinclair (1974)v based upon 

a principle assumed independently by Guinier (1938) and by 

Preston 0ý38), gives further evidence for mixed cluster 

formation. 

The unit-cell dimensions of a solid solution are 

essentially invariant with respect to the distribution and 

arrangement of its solute atoms. A matrix containing clus- 

ters or GP zones is a solid solution in which non-random 

local ýatomic arrangements exist, but its unit-cell dimen- 

sions are the same as for a random solution having the 

Same Solute concentration. VIhen Precipitatt-ion occurs 
the lattice parameter changeb to that of the depleted 

.w matrix, The increases in unit-cell dimqnsions observed 

after nitriding ferritic alloys are much larger than 
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those expected from alloy nitride precipitation. They are 

accounted for only if almost all the nitrogen remains in 

solid solution and occupies the octahedral interstices of 

the alloy-ferrite lattice. Unit-cell dimensions of the 

matrix thereby provide a sensitive method of determining 

whether nitrogen is in solution, randomlY or as zones; or 

whether it is precipitated as a second phase. ' 

Phillips and Seybolt (1968) ion nitrided at 550 - 600 0c 

various binary iron alloys containing either 1% aluminium, 

chromium, manganese, silicon, titanium or vanadium as the 

substitutional solute. Electron metallography revealed fine 

particle formation and from electron diffraction patterns 

AlN,, CrN and Si 3N4 were positively identifiedp VN tentatively 

identified, whilat in the titanium alloy, clusters of less 

than i-5nm were observed. Lambert and Greday 0970) studied 

the isothermal precipitation of VN in Fe-Mn-Si-V-N alloys 

aged in the range 425 - 10000C for various times. Incoherent 

precipitation of f. c. c. VN was observed, th e particles being 

aligned in rows and measuring from 3- 10nm in diameter. The 

density of particles was from 1-2xiO 
16 

/cm3 and some of them 

were found to obey the Baker-Nutting (1959) orientation re- 

lationship. 

11.6 Kinetics of nitridim 0 

When there is a strong interaction between nitrogen and 
a 

a substitutional solute nitriding proceeds by the formation 
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of a hard subscale, the thickness of which progressively 

increases. This has been observed in nitrided Fe-Ti (Jack 

et al 1971), Fe-Cr with: ý 2at%%Cr (Mortimerp 1971) and in 

Fe-V alloys (Pope, 1972). In the absence of iron nitride 

formation the subscale thickness (X) varies with time (t) 

according to: - 

_2 
at. ýSN 1). t 0000069 (11). 1 

r at . 
which is derived from theories of diffusion accompanied by 

a phase change, and which has been applied to internal oxi- 

dation. rls the atomic ratio NIM in the phase formed by 

nitriding; at. %N is the atomic concentration of nitrogen in 

solution at the metal interface (determined by the NH OH Y2 

ratio of the nitriding gas atmosphere); at. %M,. is the atomic 

concentration of substitutional solute 11, originally in sol- 

ution; and D is the diffusivity o,, "' nitrogen. 

In iron containing <2at. %Cr Mortimer (1971) showed that 

a hard subscale was not formed, but that the hardness in- 

creased almost uniformly over the cross-section. One possible 

interpretation was that the rate determining , factor was the 

diffusion of chromium. Similar profiles were observed during 

nitriding Fe-3at. %Iballoys (Jack et al, 1971), where the 

abnormally slow nitrogen penetration was suggested as being 

due either to surface reaction control, where nitrogen erW 

is retarded by an adsorbed impurity film (probably oxygen)p 

or to the slow nucleation of clusters due-to the relatively 
0 
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weak Mo-N interaction. Recent work (Hayes & Grieveson, 1975) 

has shown that the condition of the metal surface playa an 

important role in determining the hardening behaviour of Pe- 

Mo alloys because by careful pre-treatment of samples, and at 

certain oxygen and nitrogen potentials, internal nitriding 

behaviour was observed. 

11-7 Internal friction of Pe-N and Fe-X-N alloys 

The study of internal friction produced by interstitials 

dissolved in b. c. c. metals has been the subject of many in- 

vestigations. In nitrogen-ferrite# the stress induced order- 

ing of nitrogen produces an internal friction peak at about 

20 0C for a testing frequency of 1 c. p. s. The physical origin 

of this peak was traced by Snoek (1941) to the local tetra- 

gonal symmetry of the interstitial positions in alpha iron. 

When small amounts of a substitutional alloy element and 

nitrogren are dissolved in alpha iron, additional peaks (term- 

ed interaction peaks) are observed in addition to the Snoek 

damping. Previous related work (Dijkstra & Sladekt 1953; 

Past & Meijering, 1953; Jamieson & Kennedy, 1966; Leak et alq 

1955; Enrietto, 1962; Couper & Kennedy, 1967; Rawlings & 

Robinson, 1961) has produced evidence of peaks in the temp- 

erature ranges 10 - 95 0C with manganese, chromium, molybdenum, 

silicon or, vanadium, acting as the substitutional solute in 

ternary Fe-X-N systems. All investigators agree that these 
v 
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peaks are due to nitrogen Jumps involving Pe-X sitest (the 

octahedral sites co-ordinated by one substitutional atom 

and five iron atoms). This arises because the effect of 

nitrogen in an octahedron containing a substitutional atom 

is different to that in an octahedron containing only iron 

ato ms. 

Fa8t & Meijering (1953) found by nitriding Fe-0.5at. %oV 

wires at 9500C and quenching to room temperature that the 

interaction peak could not be describedt as suggested by 

Dijkstra & Sladek (1953), by a single relaxation time. 

Also,, they found that the interaction peak temperature in- 

creased from 80 to 880C after prolonged heating at 950 0 C. 

Past & Meijering (1953) attributed the peak to the movement 

of nitrogen atoms trapped in abnormal interstices around 

fine VN precipitates. They suggezted that the shift in peak 

temperature was due to a coarsening of the precipitates and 

the consequentAisplacement of the binding energy distri- 

bution towards higher values. Fast (1961) subsequently ex- 

plained the peak on the basis of nitrogen atoms jumping 

around single vanadium atoms which were made available by the 

dissociation of VN at 950 0 C. More recently, Jamieson & 

Kennedy ( 1966) have ascribed the peak to both mechanisms in 

order to explain the shift of the peak temperature. 

In general, the interaction peaks cannot be interpreted 

in terms of a single relaxation time and consequently a num- 
ber of relaxation processes are assumed to contribute to the 
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damping. Different researchers have produced a variety of 

theories. Perryl Malone & Boon (1966) suggest that the 

Peak in the Fe-V-N system has three components whilst 
Ritchie & Rawlings (1967) analyse the equivalent peak in 

Pe-Cr-N and Fe-Yn-111 alloys Into either six or seven compon- 

ents depending upon the substitutional concentration. 
Similar work by Nacken & Kuhlmann (1966) resolved the 

Fe-Mn-14peak into seven components, whereas Enrietto (1962) 

and Couper & Kennedy (1967) resolve it into three peaks. A 

recent investigation into the interaction peak in Fe-V-N 

alloys using both internal friction and stress-relaxation 

methods (Welch & Carpenter, 1972) shovis that the abnormal. 

peak can be resolved into three separate Debye peaks and 

that the damping is consistent with the stress-induced dif- 

fusion of nitrogen arcund a wtdefectl. The 'defect' 

model explains the peaks as being due to nitrogen atoms in 

the first and second nearest neighbour siter, moving in 

Octahedral - tetrahedral - octahedral sitesq with one of 
the nitrogen atoms being tightly bound to vanadium and 
therefore, being unable to diffuse. 

Damping at high temperatures has been observed in Fe-C 

and Pe-N cold worked sp6cimens and is interpreted as being 
due'to the interaction of interstitials with dislocations, 
the Peak temperature varying from 160 - 2000C with the de- 

gree Of cold work (Petarra &- Beshers, 1967). 
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In martensites, Stark et al (1956) and Illura et al (1961) 

have interpreted the peak observed at abcut 220 0C as being 

due to the motion of dislocations in the vicinity of either 

carbide and nitride precipitates or interstitial atmos- 

pheres. 

The presence of an abnormal peak in the range 150 - 

2000C has been observed by Koster & Horn (1966) in nitrided 

iron alloys containing from 0.5 -4 at.. ', 2., 'LO or V. The damp- 

ing was sugSested to arise from a mechanism similar to that 

responsible for the deformation damping In Fe-N and Fe-C 

alloys. ' Szab6-Miszenti (1970) observed trio abnormal peaks 

in the temperature ranges 115c-165 0 and 220 - 2400C in nit- 

rided dilute Pe-Ti alloys (0.18 - 0.70 at. '/"Q'; ', Ti) with. peak 

temperatures and widths varying with corpositior and heat 

treatment. Both peaks were considered to be due to an 

interaction between interstitial nitrogen and substitutional 

titanium. 

Pope (1972) has shomm that constant activity nitriding 

Of Pe-V alloys produces high temperature damping from 150 

20oOC- This damping is associated with a microstructure 

showing extensive strain due to the formation of coherent 

Particles on the ferrite cube planes. 

Mechanical properties of Fe-X-N alloys 

0 

Porrest & Hopkin (1963) first observed a marked 
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enhancement of the fatigue and creep resistance of Fe-C and 

Pe-N alloys when small amounts of manganese (< lat. %) were 

Present in solution. They observed a finely dispersed pre- 

cipitate on dislocations in alloys containing. 0-75at. %Mn and 

(). 09at. %N after creep testing at 4500C and suggested that 

the formation of this precipitate was the major factor in 

improving the creep resistance. Hopkin (1965) later sug- 

gested that the improved properties were not due to precip- 

Itation but to the formation of solute atmospheres assoc- 

iated with manganese atoms. Although a precipitate was 

. formed at 450OC9 there was much less observed at 650 0 C; yet 

the creep resistance was maintained at the higher temper- 

Rturep suggesting that manganese atoms clustered around 

single nitrogen atoms and acted as barriers to dislocation 

movement. 

After a study of the tensile properties of Fe-Mn-N 

alloys in the range 20 - 6000C. Baird and Jamieson (1966) 

4180 favoured the cluster theory proposed by Hopkin. Hopkin 

(1965) 
observed that the precipitate was formed at 4500C on 

the f1003 
ferrite planes, and concluded that it was a 

Pe-Un nitrideg(Pe Mn) 16N29 isostructural with W- Fe, 02* 
SlIbsequently7 

Pipkin (1967) made anInvestigation by X-ray 

Xethods of a similar sample aged at 4500C and found that 
1- Mn 3112 was the precipitated nitride. 

In a recent investigation into the creep behaviour of 
Pe-Mn and Fe-Ifo alloys containing nitrogenp Baird & 
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Jamieson (1972) observed increases in the initial creep str- 

ength; the largest increases being in Fe-Mo alloys. The 

high initial creep strength was ascribed as being due to 

solid solution strengthening by small groups of substit- 

utional and interstitial atoms. Precipitation took place on 

dialo6ations and grain boundaries during creep and in syst- 

ems where such precipitation was extensive, the main streng- 

thening mechanism was found to change during creep to either 

precipitation hardening or precipitation on dislocations. 

Ishida & McLean (1967) studied the strong alloying effect of 

manganese and nitrogen on the creep rate. Nitride precip- 

itates were observed by transmission electron microscopy. 

Consequently, it was suggested that the manganese and nitro- 

gen atoms had combined to form 'clusters'l causing solid 

solution strengthening of the steel. 

In Chen's study (1965) of the dispersion strengthening 

of internally nitrided Fe-Ti alloys, the strengthening was 

attributed to the formation of non-deformable particles. 

Nitriding was carried out at 600 - 10000C in low NH *H 3' 2 

ratio gas mixtures or in molecular nitrogen, producing what 

I 
were described as thin TiN plates, being coherent with the 

matrix when they were less than 40nm diameter. 

Phillip & Seybolt (1968) and Seybolt (ig6g) investi- 

gated the behaviour of a number of binary iron alloys after 

lion-nitriding' at 550 - 6000C. Transmission electron 
0 microscopy revealed particle formation of the appropriate 

alloy nitride (e. g. CrN) on the ferrite cube planes in all 
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alloys except those containing manganese or molybdenum. The 

precipitation was also accompanied by a large increase in 

hardness. 

Roberts (1970) showed that a high hardness and yield 

strength are developed by the GP zone structure in nitrided 

Pe-Nb alloys. The hardness and yield strength decreased 

after ageing at 8000C with the formation of the 11 
C4 - Pei 6112 

type intermediate precipitate, and still further when prec- 

ipitation of ý- WbN occurred. 

11.9 Precipitation and strengthening in-controlcooled steela 

Considerable interest has been shoim in the combined 

effects of vanadium and nitrogen in commercial steels. Epstein 

et al (1950) and Jones zýnd Coombes (1953) shm7ed that the 

addition of small amounts of vanadium to rimming steels ren- 

dered them unsuseeptible to strain ageing without producing 

any deleterious side effects. Stephenson, Karchner & Stark 

(1964) studied the strengthening phenomena in semi killed 

low C-Un steels to which additions of 0.15 at. 5/oV and 0.056 

at. %N had been made. They found that the increases in yield 

strength in hot rolled steelsq due to the combined vanadium 
I and nitrogen additions, resulted from precipitation harden- 

ing of extremely fine plates of vanadium nitride on the 
f1003 ferrite planes. ' Plates of 10 - 40nm diameter and 2- 

. 
9nm thick, some of them being coherent, were observed. Some 
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contribution to tht increase in strength was also considered 

to be due to the precipitation hardening ef feet of vanadium 

carbide. 

Morrison (1963) observed that small additions of nio- 

bium. (te 0.0.1%) to C-Un steels produced marked strengthening 

effects. Although no precipitate could be extracted, very 

small particles were observed by transmission electron 

microscopy which were thought to be either NbC or NbN. Gray 

et al (1965) observed precipitates in the form of 4, - 8nm 

diameter-discs, from 1.5 to 3nm thick, in mild steels con- 

taining niobium. Gray & Yeo (1968) studied the precipitation 

of Vb(CN) in low alloy steels with the emphasis on precip- 

itate row formation. The rOW8 were readily visible in con- 

trol cooled steels, but not always in the isothermally 

transformed samples, whilst the row spacing increased as the 

cooling rate decreased. The rate controlling step was found 

to be dua to niobium diffusion. 

Woodhead and Webster (1969) investigated the precipita- 
tion reactions in a vanadium bearing mild steel during iso- 

thermal transformation. Lines of precipitate formed on the 
06 

interface in z sirailar manner to those in niobium 

steele. Similar stuaies by Sutton and Whiteman (1971) on 
Fe-V-C steels observed that several different morphologies 

of V4C3 were formed, and that the carbide distribution was 

so fine that considerable strengthening was obtained. 
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Particles of various shapes were observed by Lambert et al 
(1970) in iron alloys containing vanadium and nitrogen. 

After isothermal precipitation a high densitY of particles 
( 

ý- 1-2xi 0 
16 

/cm3 of 3-10nm diameter were formed. It was also 

observed that the yield strength decreased with the length 

Or holding time. Interphase precipitation has been studied 

in a 0.5 at%Ti steel by Preeman (1971). On transformation 

rrom 'd to OC' iron, TiC was found to precipitate as small 

Particles (3-10nm diameter) in the form of sheetsp (8-65nm 

apart). 

1)UPing a study on the effects of nickel and manganese 

011 the Precipitate strengthening of vanadium steels# Suzuki 

ot '1 (1970) observed that the strengthening was due to 
V4C3 Precipitation and the effects of coherency stre sse8. 
"he steel containing only coherent particles had a remarkably 
"'gh Yield strength; the peak strength being associated with 
4 high density of coherent V 4C3 precipitates, (8-10rim diam- 

eter) and a high density of dislocations. Work by Schiller 
(1971) 

On normalised low alloy steels containing 1.5at. %Mn 

a"d 0.06at. %aig together with 0.1at. /c, oV and 0.07at. %N found 
Marked strengthening increments; howeverg it was considered 
to 'be due to grain r. efinement produced by the fine dispersion 
" vanadium nitride. Gladman et al (1971) showed that prov- 
Id"19 the matrix is simple, as in high strength low alloy and 
q4allch-aged 

steeiss the strengthening by hard second phase 
1ý"t'c"38 

in a ferrite matrix can be described by an Ashby- 
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Orowan (1964) relationship. Similar work by Gray & YGO 

(1968) also advocates an Orowan type relationship for the 

small dispersed particles. 

Baker (1973, a) examined the structures of Pe-C-N-V 

alloys containing various amounts of manganese by trans- 

mission electron microscopy. After rolling, particles of 

17nm diameter with spacings of 20nm, were observed as inter- 

phase precipitates. However, in control cooled 8amplesp 

particles of only 3nm diameter were observed as thin plates 

on 
fi 00ý 

Gray (1973) studied the effect of niobium on the trans- 

formation and precipitation processes in high-strength low 

alloy steels, and found that the yield strength was not 

proportional to interparticle spacing for particles in the 

size range 4-i2nm. The yield strength increased down to the 

smallest particle size (1-5-2nm), where it was thought that 

particle cutting would be predominant. This phenomenon has 

been, observed by Greday and Lamberigts (1972) at particle 

sizes of less than 5nm. 

In an investigation into the grain refining effects of 

niobium, vanadium and titanium in low carbon steelso Irvine 

et al (1967) found that niobium and vanadium could produce 

additional strengthening above that due to the fine grain 

size. Some contrast eff ects indicative of coherency strains 

0 were observed in the vanadium. steels, whereas in the titanium 
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steels more closely spaced precipitates of about 3rm dia- 

meter were found. In the niobium and vanadium steels, 

strength increments varied from 50-15ON/mm 2. 
whereas very 

high increments of up to 30ON/mm 2 
were found in the titan- 

ium steels. Whilst determining the mechanical properties of 

structural steels containing vanadium or niobium, in respect 

of the state of precipitation induced by thermomechanical 

treatments, Lamberigts and Greday 0974) found that the peak 

hardness was obtained when coherent particles of 7nm diameter 

were precipitated. 

II. 10 Secondarv hardening steels 

Whilst studying the secondary hardening of steels con- 

taining vanadium or niobium, several investigators noted the 

appearance of what were probably coherent particles. These 

particles were described using various terminology. Kuo 

(1956) tempered steels containing vanadiumq titanium and 

molybdenum for one hour at 500 - 6000C and found that 

'threads' of VC and TO precipitates, which had a diameter of 

3nm and a length of 20nm, caused an increase in hardness. 

Vanadium carbide started to form at 525 0C and the greatest 

degree of hardening was associated with the highest rate of 

precipitation. Smith andNutting (1957) observed 'cloud- 

like' VC precipitates of less than 10nm diameter and suggested 

that vanadium enriched zones had been formed prior to the 

precipitation of VC. Some microstructural evidence supported 
a 

I this, since after tempering at 4000C, small spots were 
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observed in the ferrite matrix. Seal and Honeycombe (1958) 

observed 'rods' or 'threads' of precipitate measuring 1.5 - 

2.5nm wide and 5-20nm diameter. Prior to peak hardness 

being attained, V4C3 was identified as the precipitate pre- 

sent, and the hardening curves were explained by invoking 

the concept of a coherent precipitate. 

Tekin and Kelly (1965) noted that the hardening of 

Fe-l%-V-C alloys after tempering was due to either V4C3 

precipitation on dislocations, or to the homogeneous pre- 

cipitation of coherent particles in the matrix on f1003, 
planes. In similar alloys, Smith (1966), observed that the 

peak hardness coincided with the formation of coherent V4C3 

precipitates of only a few unit cells thick and JOrLm diameter. 

The decrease from peak hardness was accompanied by an in- 

crease in the size and a reduction in the number of the pre- 

cipitates. During the tempering of carbon martensite cont- 

aining some niobium, Tanino and Aoki (1968) attributed the 

secondary hardening to the formation of small coherent 

plates of f. c. c. niobium carbide. Using selected area dif- 

fraction techniques, the orientation relationship was found 

to be the same as the relationship established by Baker and 

Nutting (1959) for V4C3 precipitation in ferrite: 

(001) 
NbC 

// (001 )o4--'t 10 101 NbO // 111 OL 

Af ter short tempering times at 5000C. considerable streaking 

was observed in <100>, e directions. Streaking has also been 

observed in the secondary hardening of vanadium containing 
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steels, (Davenport et al, 1968). During a study of the 

relationship between the microstructure and mechanical 

properties after tempering a Ho-VI-V steel, Simcoe et al 

(1968) found that 'filmy' patches of (V Mo W)C had formed in 

the range 530 - 6150C. A large increase in the yield streng- 

th was noticed, although not in the work hardening rate, 

inferring that the cutting of coherent particles had contri- 

buted to the strength. Baker (1973, b) determined that during 

the tempering of control cooled low carbon, vanadium steels 

containing nitrogen and various amounts of manganeseq pre- 

cipitation of V(CN) developed as thin -plates on 
f1002, 

. 

Detailed qualitative estimates of the yield strength indi- 

cated that the. Ashby-Orowan (1964) model for strengtheningy 

as modified by Gladman (1971). did not account for all the 

additional strengthening. An alternative mechanism,. such as 

particle cutting, was thought to have contributed to the 

strength of the particles. 

0 
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Chapter III 

, 
VES EXPERIlvMITAL TECHNIQ 

III. 1 The preparation of alloy samples 

High purity iron-base alloys were supplied in either 

-plate or bar form by the British Iron and Steel Research 

I Association and by, the National Physical Laboratory. 

Analyses of the alloys_used are listed in Table III. 1 

Internal friction and X. -ray specimens were prepared 

by cold drawing to 0.60= diambter wire. Material for 

tensile test specimens was prepared by hot rolling to 2mm 

thick plate, followed by cold rolling to 0-75mm; flat 

specimens, having a gauge length of 20mm. and a cross- 

section of 5.0 by 0.75mm, we; e then stamped out from the 

rolled plate. Sheet specimens, 10mm square and O. Imm 

thick, were prepared by cold-rolling as the starting 

materials for electron microscopy. 

Before nitriding, all specimens were abrasively 

cleaned, degreased and annealed in hydrogen at temper- 

atures above 750 0 C. 

111.2 Ammonia-hydrogen_nitridinG 

The required nitrogen concentration was introduced 

into the specimens by treating them in an ammonia-hydrogen 

gas mixture of the appropriate nitrogen potential. 



TABLE 111 1. 

.................. 
ANALYSES OF ALLOYS 

........................................ 

Cast Code 
..... ... 

at. %substitutional 
solute 

WtOX 

23 DAK 2 0.115 v - 

K '1294 0.52 V 0.004 

K 1302 1.08 V 0.016 

38 AF 3 1.20 Cr 0.003 

K 990 2.0 Cr 0.01 

K '14*12 0.65 Ti 0.016 

K 673 0.10 Nb 0.005 

K 674 0.31 Nb 0.005 

K 675 0.60 Nb 0.004 

39 AF 3 1.70 MO 0.002 

. 39 AF 2 2.92 MO 0.001 

K codes are B. I. S. R. A. alloys 

others N. P. L. 
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The nitrogen potential of an ammonia-hydrogen gas 

mixture is determined by the ratio of the concentrations 

of ammonia and hydrogen; Lehrer (1930), Brunhauer et al 

(1931) and Paranjpe et al (1950). 

is: 

ITH3(6) 2H(: L, 141) 14 H2(6) 

The nitriding reaction 

(III)a 

and the equilibrium constant, K, at a given temperature i! 3: 

a 3/2 
N. P112 / PNH3 

where a,, is the activity of 

-he partia: PNH 
3 and PH2 are 4. 

hydrogen respectively. The 

fore proportional to P NH 3 

the nitrogen in iron and 

I pressure of ammonia and 

nitrogen activity is there- 

PH 3/2 
2 

For example, in the iron-nitrogen system at 6200C 

the successive phases formed with increasing nitrogen 

bN content are 0! -solid solution, 'd -solid solution andý-'F .4 
When an iron specimen is exposed to an ammonia-hydrogen 

mixture of sufficient nitrogen potential to form F04NI 

the activity of the combined nitrogen will vary in the 

following manner. There will be an increase from zero in 

the D(_(pure metal) to a value of aio"--max in the saturated 

nitrogen ferrite; this occurs when it has reached the limit 

of the terminal solid solution. The W--phase is then in 

equilibrium with the Y-phase of composition ymin, so that 
Ymin cc-max the activity of nitrogen a. N is equal to aN As 

the total nitrogen content increases, the 0ý-phase gradually 
disappears. When no C4 remains, the activity of nitroge n in 

-I 
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'*d*increases and the composition of ýchanges. Eventuallyt 

the solubility limit in ý' is reached and at this point 
-d- max Vlmin 

a. is equal to a. . TheYlphase then forms at 

the expense of the *? ( phase until the activity of nitrogen 

in the Y, increases to the value in equilibrium with the 

nitriding gas. 

In any single nitride phase the nitrogen activity 

varies regularly with composition. Consequently, as aN 

is proportioned to PP 3/2 
,a gas mixture of given NH3 / H2 

composition is in equilibrium with a nitride phase of 

fixed nitrogen content. Therefore, it is possible to 

prepare a nitride or an iron-nitrogen solid solution of 

any composition by precisely controlling the ammonia- 

hydrogen gas ratio. 

In practice there are two complicating reactions 

which can occur: 

a) the "cracking" of ammonia, by the reaction 

NH3(g) N2(g) + 3/2 H2(9) 

and b) the thermal decomposition of the nitride phase, 

= N2(g) 9oe9 

I which . is virtually a non-reversible process for iron 

nitrides at one atmosphere pressure. 
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When the catalytic effect of the metal sample and 

the reaction tube upon the cracking of ammonia is constants 

the degree tb which the gas approaches its equilibrium 

NIVN21H2 mixture is determined by the gas flow. There- 

fore, not only the composition of the gas, but also its 

rate of flow must be controlled if the required nitrogen 

potential is to be maintained. In addition to this, the 

nitriding potential of the gas must exceed the decompo- 

sition pressure of the nitride phase. Consequently% the 

nitriding action of ammonia depends upon the balance of 

three reactions which are affected by many variables. 

These variables include temperature, gas composition, the 

catalytic effect of the surfaces. -to which the gas is 

exposed, gas contamination and flow, the decomposition 

pressures of aolid nitride phases and any previous treat- 

ment or impurities in the metal itself. 

The nitrogen solubility inoý-iron is sufficiently 

small, Cmaximum.. 0.4 at %N at 590 0 C), that no appreciable 

error is introduced by assuming Henry's law, i. e. at 

constant temperature the partial pressure of nitrogen: *is 

proportional to its mole fraction. 'The equilibrium constant 

for the ammonia nitriding reaction (111). 2 can be written- as: 

IT = wt %N 3/2 
.... (111)5 

"2 

The diagram compiled by Lehrer (1930) and shown in 

Figure III. 1, was used to give a guide to the nitrogen 

potential and ammonia-hydrogen r4tios reqired to produce 
given quantities of nitrogen in solution in iron. 
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111-3 17itriding_Apparatus 

The nitriding apparatus is shown in figure 111.2. 

Commercial hydrogen, ammonia and nitrogen were purified 

by standard methods as shown in. figure 111-3. The calcium 

oxide was freshly prepared by decomposition of small 

marble blocks at 950 OC. The activated copper was pre- 

reduced in hydrogen for two days at 1800C and was maint- 

ained at 120 0C during use. Gas flows were measured by 

capillary flowmeters (see Figure 111.4) which were cal- 

3-b-rated by a bubble displacement method. 

The furnace temperature was controlled to + 30C by 

standard controllers using a Pt/Pt: Rh thermocouple near 

the'furnace winding and the specimen temperature was recor- 

ded by using a sheathed thermocouple located within the 

reaction tube directly alongside the specimen. The pressure 

in the system was maintained slightly above atmospheric 

by a1- 2cm head of oil in an exit bubbler. Previous 

experience at Newcastle has shown that linear gas flow 

rates of >., 50 C. C. per minute give no detectable cracking 

ofammonia below about 6500C. Therefore-l depending upon 
the size of the reaction tube used, total gas flow rates 

of 200 - 600 c. c. per minute were used in order to prevent 

cracking of the ammonia. 

The procedure adopted in each nitriding run was as 

f ollows: 

The specimens were suspended by a platinum wire in the 
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cold-upper extension of the reaction tube which was then 

evacuated and flushed with nitrogen. The nitriding gases 

were then equilibriated at the required potential for one 

hour before the specimens were lowered into the reaction 

tube using a magnetic device. After nitriding, the speci- 

mens were either raised into the cold zone at the top of 

the furnace or, if a fast quench was required, they were 

released and dropped into an oil quench-bath. After purg- 

ing with nitrogen the specimens were removed. All the 

specimens were weighed prior to and after nitriding. 

111.4 X-Ray methods 

X-Ray diffraction patterns were obtained with mono- 

chromatic X-radiation reflected from a lithium fluoride 

single crystal. Monochromatic radiation was used in order 

to reduce the background intensity during the long expo- 

sures that were often required to bring up the weak diff- 

raction patterns of precipitated phases. The diffraction 

patterns were recorded photographically using 9 cm. and 

19 cm. diameter Debye-Scherrer cameras. Iron filtered 

CoKo_., was used with either a 19 cm. Unicam or a 114.83 mm 

Philips camera to measure the unit cell dimensions of 

nitrided specimens. 

111-5 Metallographic examination and hardness measurements 

Specimens were mounted in either a cold mounting com- 

pound in a2 cm. diameter mould or in bakelite pressure 

cured at 1400C. After a preliminary reduction on an 
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abrasive wheel, the specimens were polished successively 

on 25,3*1 and 0.25 diamond wheels; a 2% Initall solution 

was found to be a suitable etchant. Optical microscopy 

was catried out using a Reichart projection microscope. 

Grain size determination of the tensile test speci- 

mens was made by using a linear intercept method. Hard- 

ness measurements were made by using 20g or 50 g loads 

with the standard microhardness tester fitted to the 

Reichart microscope. 

111.6 Electron microscopy 

A Philips EM 300 microscope equipped with exten- 

sive tilting and rotation facilities was used for the 

examination of thin foil and carbon-e: itraction replicas. 

Thin foils were prepared using the window tech- 

nique, from 0.1 mm thick sheet samples, by electropol- 

ishing in 68ro acetic acid: 167o perchloric acid: 167o 2- 

butoxyethanol at OOC using a potential of 20 volts and a 

current density of 0.1 arpr/CM2, Foils were washed in 

methanol and stored under glycerol until required. 

When thicker specimens were used (eg. 0.75 Mm) they 

were first subjected to a preliminary chemical polish in 

a solution of 5W wate-.:. 457o 100 vols H202 0 57 a- HEO 

The final electropolishing to produce thin foils was then 

achieved using the window technique. 
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Extraction replicas were prepared by electropolishing 

the specimens lightly and then etching them in nital for 

30 - 40 secs. at OOC. A thin film of carbon was deposited 

by evaporation and subsequently scored into Imm, squares. 

The replicas were removed in 2ro nital and given a short 

electropolish. After washing in ethanol, the replicas 

were collected on copper grids. 

III.? Nitrogen weighings andanalysis 

In general, the nitrogen levels in nitrided alloys 

are so much higher than*those in steels (up to 2.0 at %) 

that weight differences before and after nitriding give 

accurate nitrogen contents. Weighings to 4ý 0.0001 9M. 

were. made on an Oertling balance, the average of at least 

three weighings being taken as correct. By using batches 

of samples weighing up to 2Q,, -ms incertain instances, good 

reproducibility to + 0-005 at %N was obtained. 

When necessary, nitrogen analysis was carried out 

using a standard semi-micro Kjeldhal method with the 

ammonia concentration determined calorimetrically using 

Nessler's reagent; ammonium chloride solution was used as 

standard. 
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111.8 Internal friction: theoretical aspects of damping 

Internal friction may be defined as the ability of a 

vibrating solid, completbly isolated from its surroundings, 

to convert mechanical energy into thermal energy. De- 

partures from perfectly elastic behaviourl resulting in a 

phase difference between the applied stress and resultant 

strain at low stress levels, produce this effect. 

If Hooke's law regarding the elastic deformation of 

materials was completely obeyed, no damping of vibrations 

would be possible because time would not enter the stress/ 

strain equation. For real materials the strain is not 

uniquely determined by stress, as it is also time depend- 

ent... The strain lags behind the stress bj an amount 

The behaviour of real materials can be satisfactorily 

described by using anelastic theory and a standard linear 

solid model for which Zener(1948) proposed the equation: 

ajo! ý + a; z4? = ble 
_+ 

bzý 000* (111). 6 

where'stress and strain are linked with their first time 

derivatives. Materials obeying this equation are termed, 

istandard linear solids'l and their behaviour can be rep- 

resentedschematically as shown in Figure 111.5: a it a2 lb, 

and b are constants, 6' is the stress and 6 is strain. 2 

Dividing throughout to obtain three new constants, 

equation (111). 6 can be written as 



Fig. 111.5 
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**0a0* C+`ecý (G+zeý) 

where Zc is the relaxation time of stress under constant 

strain, Vd- is the relaxation time of, strain under constant 

stress and IIR is the relaxed modulus. 

Solving equation (111). 7 when. t=O, i. e. 6=0,, a=O gives 

6' =i! 5; exp -t /-ý 00*&0* 

When a straint6o p is applied at time t=O, the stress 

relaxes to its minimum value LR6*. Under these conditions 

the time dependence of stress under constant strain may be 

reprenented as: 

exp 

Similarly the time dependence of strain under constant stress 

may be represented as: 

M= IýR I 6, 
o+ 

(ý0-11, ý16o) exp 

This behaviour is illustrated in Figure 111-5. 

New constants, which have considerable physical signifi- 

canoe may be derived from td-, 'rc and MR- If in a time A the 

stress receives a finite increment, 66, then from equation 

(111). 72 
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Ire 0090*0 

The relationship 
býýAAC is the unrelaxed mod uJus v Mu. 

which correlates changes in stress and strain occurring so 

rapidly that no relaxation has time to take effect. The re- 

laxed modulus, IIRP Is the modulus for the condition when re- 

laxation is complete; consequently Mu > MR and from equation 

MU am ILI! R 32C 
0*00*0 

(111). 12 

Equations (11119 and (III). 10 represent the behaviour of 

a standard linear solid when it is under conditions of, con- 

stant strain and constant stress respectively. Internal 

friction measurements are carried out under dynamic conditions 

of periodic stress and strain illustrated by the following 

equations: 

6oexp iot E. G exp iNt 

from which 

d 6,1 o exp ilit d gi)_ exp Wt 
dt- -dt 

Putting these terms in (111). 7. 

, Jjjexp : Lbjt) - itJt lTR(Ct+-(o6o 

If t is smallp which is true for internal friction 

measurements . then 67 (5cý Et = 6. and exp 
t 

--> I 

Consequently, 
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(I +L wq, ý) 6"' = Y. R (I +L wlrý) 6. ...... (111). 14 

and 60' = )77 r. *0e*99 
tIT). 15 

where N is the complex modulus, I+ ý""* YIR 
I+ L N'r'a 

Under conditions of alternating stress, the lag between 

stress and strain gives rise to damping. The phase anglej, 

by which the strain lags behind the stress is used as a 

measure of the internal friction and can be derived from the 

complex modulus: 

tan Imaginary part of 
n 

re. al part of PL 

=-w 
(-r, 5 - 20 

00000 0 1 W-2- (-C6- Ire) ý 
The phase difference is very small, and so tan 

If the geometric mean of the relaxation times, and the 

moduli, 'M, are introduced, then 

Y, u 

-The maximum value of 
Soccurs 

whenIJ7'=I: therefore, 

4- 
Smax 

j* . 
MU - MR 000*0* 

(111). 18 

By analogy with electrical circuit theory, 
ý 

is often 

expressed as Q-1 and using this notation, 

1 -1 Q7 *; % 2Q 
Max i+ (ii7)-T . boote*& 
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(ftýis understood to represent the geometric mean of the re- 

laxation times. ) 

If the damping of a specimen is measured over a-suffi- 

ciently wide range of frequencies a peak will be observed at 

a particular frequency, and knowing that cj'e=i -at 
1 %ax 

the relaxation time can be calculated. 

Experimentally it is not always easy to obtain a wide 

range of frequencies for testing purposes. However, a damp-. 
01 

ing peak will be observed at constant frequency if the relax- 

ation time of the specimen can be altered. 11any relaxation 

phenomena are strongly temperature dependent, the relaxation 

time obeying an Arrhenius equation: 

exp WRT 
*0000000 

(111). 20 

where H is the heat of 

activation for the relaxation. This relationship ia of great 

importance in the experimental determination of internal 

friction. If the peak is to be measured by frequency varia- 

tions, changes of several orders of magnitude are required 

and this is experimentally very difficult. However, (IIIJ19 

may now be written: 

Q71 Qmý 2wr. exp H/RT) 

OXP 211/RT + 

and since at constant w, Qý-31, occurs at Tp and w =1, 
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-1 -1 Qmax sech 
[, 
H 

T P)l 

Tp is taken to be the peak temperature, ana hence damp- 

ing can be measured at constant frequency by varying the 

temperature. Equation (111). 21 defines the ideal internal 

friction characteristics of a single relaxation process. 

One example of this is the stress induced ordering of inter- 

stitial atoms in a pure b. c. c. metal. 

111.9 Internal friction-equipment 
I 

Internal friction measurements as a function of temper- 

ature ivere made on 200mm long y1ire specimens in an inverted 

torsional pendulum assembly, (see Figure 111.6). equipped 

with a non-inductively wound furnace. A torsionally rigid 

knife-edge balance arm and counteraeight, used in conjunction 

with 4 fine silica fibre as the suspension elements enabled a 

small constant load to be maintained on the specimen. This 

suspension system, together with an operating vacuum of 

WO-5 torr, results in a very low level of background damping. 

Electromagnets acting upon the bar start the oscillationg the 

frequency of which can be adjusted in the range 0.2 - 1.6 

c. p. s. by varying the inertia of the system. 

Wire specimens that had been prepared in a vertical nit- 

riding furnace and quenched into cooled oil were measured at 

appropriate temperature intervals in the range -20 to 300 0 ce 
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The temperature was recorded by copper-constantan thermo- 

couples placed near the top and bottom of the specimen. The 

temperature was maintained to +2 0C by varying the power sup- 

plied to three parallel heating coils using. external rheostats. 

A constant heating rate of IOC per minute was followed by a 

period of thermal equilibrium under reduced power for two 

minutes in all tests. 

The whole system was enclosed in a bell jar and evacuated 

down to 4 2xIO-5 torr using rotary and diffusion pumps. The 

oscillation was started, by the electromagnets acting upon the 

inertia bar. An automatic Sefram, photodyne followed the rate 

of decay of a light beam reflected from a mirror mounted on 

the inertia bar assembly. 

The logarithmic decrement,, A of the vibrational amplitude 

is related to the internal friction by 

A= Q71 (111). 22 7r 

In metallic materials tested at low stresses, the damp- 

ing is usually found to be independent of amplitude and so 

shear strains of; ý : ýCjo-5 were used in this investigation. 

At these levels, the damping can be expressed as the natural 

logarithm of successive amplitudes of vibration: 
ý1-1 

Ao loge 
An 

and consequently from(III). 22 

. ..... S (111). 23 
- 
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Q7 I loge AO 00*0*000 (111)24 
n7f n 

where Ao and An are the amplitudes of vibration after the 

first and the nth oscillation. The internal friction was 

then evaluated using (111)24. Several values of Q71 were 

obtained over successive values of n (usually 50 oscillations)' 

and the average value was taken as correct; the frequency of 

oscillation was determined over a number of cycles using a 

stopwatch. 

III. 10 Mechanical tenting 

Tensile tests were made with an Instron type M5 test- 

/ 

ing machine equipped with automatic chart control and stepped 

zero suppresion facilities. Flat tensile test specimens, 

having a 20mm guage length, were used together With nomina! 

strain rates'of 4.1XI '0-4 and 1.67XI 0-4. Mean values of the 

limit of proportionality, 0.05% and 0.1ýoP. S. j U. T. S. and 

work hardening rates were determined from at least two speci- 

mens for each treatment. The stepped zero suppression facil- 

ities were used to obtain maximum accuracy from the results. 

High temperature tensile tests were made using the same 

instrument,, with specimens of the same dimensions and with a 

vertical furnace arrangement having three windings controlled 

by three thyristor units. Thermocouples were arranged so 

that the upper and lower furnace zones were controlled by the 
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difference in e. m. f. produced by each of the two lend-zone' 

thermocouples and the one in the centre; this enabled control 

to be within +20C. The capsule containing the specimen, grips 

and pull rods was evacuated and filled with argon to give one 

atmosphere pressure at the testing temperature and the temp- 

erature of the specimen was recorded by a thermocouple placed 

directly alongside the specimen. The whole arrangement per- 

mits tensile testing up to 900 0 C. 

If 

I ll-ý 
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Chapter IV 

THE SCOPE OF THE PRESENT INV"STIGATION 

Previous work at Newcastle by Speirs (1969), Roberts 

(1970), Kortimer (1971) and Pope (1972) on the precipita- 

tion of nitrogen from Fe-Ilo-N, Fe-Rb-Nt Fe-Cr-TT and Fe-V-li 

alloys showed that the characterisation of precipitates 

under a wide range of equilibrium and non-equilibrium ccn- 

ditions was possible using gas equilibriation. methods to- 

gether with sensitive X-ray diffraction techniques. In 

particular, it was found that homogeneous precipitation 

occurred and that the precipitation sequence often involved 

several intermediate stages. It was proposed that a study 

should be made of the internal friction and mechanical 

properties of a telection of these alloys nitrided in 

. NH 
3 : 

H2 gas mixtures from 500 - 700 0 C. 

Internal friction has proved to be an extremely power- 

ful teclinique for the study of interstitial solid solutions 

and its applications in the present investiLation are des- 

cribed in Chapter V. Abnormal, high temperature damping 

peaks are observed in the range 150 - 240 0C and reasons for 

their occurrence are suggested. It was hoped to apply in- 

ternal friction measurements to follow the continuous 

ordering process in ternary Fe-X-N alloys, and to determine 

I- the nitrogen solubility at the various precipitation stages. 
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Despite this being impossible, the internal friction 

characteristics associated with the previously unrecognised 

stages of homogeneous precipitation are described fo)? sev- 

eral ternary Pe-X-N alloy systems. 

An exploration of the mechanical properties of Fe-X-N 

alloys containing zones and precipitates seemed advanta- 

geous. Because of the large number of variables involved, 

most of the work is concentrated on dilute alloys in the 

Pe-V-N and Fe-LTb-N systems. Correlation of the properties 

with existing theories of dislocation-particle interactions 

was attempted in order to understand the strengthening 

mechanism in the nitrided alloys. The principal strength- 

ening mechanism was identified by examining the effect of 

composition and heat treatment on the Inechanical properties 

and microstructure. The structur'es of the nitrided alloys 

were studied by electron metalloEraphy before and after de- 

formation in order to assist the interpretation of the 

mechanical properties. 

There is increasing interest in using precipitation as 

a mean's of improving the strength and creep resistance of 

steels. Steels containing vanadiumt niobium and nitrogen 

as micro-alloy additions are frequently being used when the 

precipitates are small and finely dispersed. Comparisons 

I are made between the strengths of these materials and those 

in the present investigation. 
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Much of the earlier work at Newcastle was done with 

substitutional alloy contents above 0.5at. /-o in order to 

characterise the precipitation sequence and equilibrium 

precipitates. Because of this, further information was 

sought on the mechanisms of precipitation in alloys contain- 

ing additions similar to those used in commercial materials. 

Consequently, precipitation in the more technologically 

important Pe-Eb-N and Fe-V-N alloys has been more thoroughly 

examined and is described in Chapter VI. 
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Chapter V 

IFTERNAL FRICTION OP Pe-X-N ALLOYS 

V. 1 Introduction 

Internal friction measurements provide a convenient 

method for studying the behaviour of interstitial atoms in 

alpha iron. The effect produced by solid solutions of 

nitrogen in iron is well-known, and has been the subject of 

many investigations since Snoek (1941) first observed anom- 

olous damping in iron-nitrogen and iron-carbon alloys. 

Snoek determined that the peak arose from the preferential 

ordering of interstitial atoms under the applied stress. 

An interstitial atom in body-centred cubic iron occu- 

pies the octahedral interstices, thereby producing a tetra- 

gonal distortion of the lattice in the direction of the two 

closest iron atoms (i. e. along <100> directions). If the 

directions are designated x, y, zs the interstitial sites may 

also be termed x, y, z, according to the direction in which 

the maximum distortion is produced. In an unstressed 

specimen all octahedral sites are equivalent, and are rand- 

omly occupied, each containing one-third of the total int- 

erstitial content. If a tensile stress is appliedl for 

example in the z direction, then a redistribution of inter- 

stitials will take place so that the z sites will contain 
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more than one-third of the total interstitial concentration. 

The movement of interstitials from x and y sites to z sites 

will be at a rate dependent on D. the diffusivity of the 

interstitial atoms in iron, and the application of the app- 

lied stress will produce a strain varying with time, result*- 

ing in anelasticity. 

If the excess number of interstitials in the z sites is 

represented by n at time t. Past 0971) has shown that: - 

n=ne1, -exp 

where zip is the maximum value of n. The magnitude of the 

strain produced by this ordering is proportional to n and 

consequently from (111). 18 the internal friction maximump 

Q- imax, is proportional to the dissolved nitrogen according 

to: - 

5.04 Q-1max = at. %N (Past & Verrijp, 1955) 

or 5.12 Q-1max = at. % (Rawlings & Tambini, 1956).. (VI2 

This proportionality has been successfully used to in- 

vestigate the ageing of supersaturated nitrogen in ferrite and 

to determine the solubility of nitrogen in equilibrium with 
a 

Cl- -Fe 6N and Fe N in the range 10 - 6000C. 
124 

Using internal friction methods Dijkstra (1949) provided 

the first experimental evidence of a two stage precipitation 

sequence in quench-aged nitrogen ferrite. Figure V. 1 shows 
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the experimental data obtained for a Fe - 0.20at. %N alloy 

aged at 250 0 C. The plateaux correspond to the nitrogen sol- 

-ubilities in equilibrium with oe-#' -Pe N and VI -Fe N res- 16 24 

pectively, and demonstrate the reduction in nitrogen solubil- 

ity accompanying the change from the metastable Fe, 6 N2 pre- 

cipitate to the more stable Fe 4 N. Dijkstra suggested that 

the solubility of Fe 4 11 was probably higher than the true 

equilibrium solubility because the tempering times used viere 

too short to reach equilibrium. However, subsequent work by 

Past & Verrijp (1955) has not confirmed thisl and has shown 

that the equilibrium solubility is higher than that deter- 

to e. mined by Dijkstra, particularly near the eutectoid temperatur 

When substitutional alloy elements such as manganese, 

molybdenum, chromium, vanadium or titanium are dissolved in 

iron they interact with interstitial nitrogen atoms., thereby 

complicating the internal friction measurements. Some of the 

nitrogen atoms become located in octahedra comprised of iron 

atoms plus one, or moreq substitutional atoms and so the sub- 

sequent energy barrier which must be surmounted when the 

nitrogen atoms diffuse is modified. These alternative envir- 

onents produce one or more secondary relaxation processes in 

addition to Snoek damping and are caused by the stress induced 

motion of nitrogen atoms izi the vicinity of substitutional 

solute atoms. The additional peaks are termed substitutional- 

interstitial interaction peaks in this investigation. 
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In previous investigations 'random' substitutional- 

interstitial solid solutions have been produced by either 

nitriding alloy austenites at 950 0C in N2 : 11 2 gas mixtures and 

quenching; or by solution treating in vacuum at 950 OC or 

6000C and quenching after nitriding at lower temperatures in 

various gas mixtures. In the present investigationy pure 

Fe-X alloys (X-substitutional element) have been nitrided 

in carefully controlled 'ATH 3: H2 gas mixtures in the tempera- 

ture range 500 - 650 0 C. Under these conditions dense, fine 

scale precipitation occ-urs and alloy nitride formation may be 

preceeded by substitutional-interstitial solute atom cluster- 

ing on 
fl 003,, planes. Overageing occurs to give the equili- 

brium alloy nitride through a precipitation sequence which 

may involve one or. more intermediate stages. 

Internal friction testing has been applied to various 

ternary Fe-X-N alloys in order to study the precipitation 

sequence and to determine the nitrogen solubility in equilib- 

rium with the various stages of precipitation. Por this 

reason, the systems chosen for investigation are those which 

behave differently in the mode of precipitation. For example, 

in the Fe-Mo-N system the initial clustexstransform to the 

equilibrium precipitate via two intermediate metastable pre- 

cipitates (Speir8 et al 1970); whereas in Pe-Cr-N alloys no 

evidence of any intermediate precipitates was detected 

(Mortimer, 1971 In order to assist the interpretation of 

the internal friction data, particular reference is made to 

the microstructures associated with the damping character- 

v 
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intics (see section V-3). 

V. 2 Experimental 

Alloys received as hot-rolled 12mm diameter bar were 
I 

cold drawn to 0.55mm diameter wire and sectioned into 200mm 

lengths. All specimens were annealed in pure hydrogen f or 

hours at 8500C to remove any traces of nitrogen, and to re- 

duce the dislocation density. The wires, were then nitrided 

in purified NH 3 : H2 gas mixtures in the range 500 - 650 0C and' 

subsequently quenched from the nitriding temperature into 

cooled oJl. 

A major problem with internal friction studies 
ýf nitro- 

gen ferrite is the high rate of precipitationg even at room 

temperature. Dijkstra (1949) has shorm that the internal 

friction of iron containing about 0.20at. %N decreases after 

ageing for one hour at room temperature, whilst Past & Verrijp 

(1955) have shown that the precipitation rate is even faster 

in alloys containing 0.32at. %N. In the present investigation 

everY 8tep has been taken to prevent precipitation from 

occurring. After quenching, the specimens were transferred 

to a refrigerator maintained at -400C. Prior to testing, the 

internal friction furnace was cooled to 100C using a viater 

cooling coil, or if necessary, to -600C using liquid nitrogen. 

Damping measurements under conditions of increasing temperature 

were made in an inverted torsional pendulum assembly (see 

Chapter 111.9). In certain instances, measurements were 
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re-taken after several heating and cooling cycles. 

All measurements have been corrected for the background 

damping of the system, which is extremely low, the logarith- 

mic decrement increasing slowly from 2.5 x 10-4 at 20 0C to 

3.2 x 10-4 at 300 0 C. No peaks viere detected upon testing the 

as-annealed wires, indicating that any traces of carbon or 

nitrogen present in the received alloys had been removed 

during the hydrogen anneal. 

V-3 Microstructures of Fe-X-11 alloy 

Nitriding alloys containing, small conoentrations of sub- 

stitutional solutes such as molybdenum (Speirs et al, 197 0) t 

chromium (Mortimer, 1970). vanadium (Pope, 1972) or titanium 

(Henderson, 1974) show large increases in hardness and nitro- 

gen concentrations which often exceed those necessary for the 

complete formation of the equilibrium alloy nitride (see 

Table V. 1). Electron and field-ion micrographs show the Dres- 

ence of extremely thin disc-chaped clusters on the ferrite 

cube planes, which give continuous diffraction streaking in 

<100>oe. directions. Typical micrographs of a nitrided Pe- 3 

at. %oMo alloy are shown in Figures 11.8 and II. q. Similar 

micrographs are obtained after nitriding with other substitu- 

tional solutes under suitable conditions (see Figures V. 2 and 

V-3) . The observations. are indistinguishable from those 

associated with GP zone formation in Al-4wt. %Cu and other 

f'. c. c. alloys. Recent work by Krawitz & Sinclair (1974) 
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involving the determination of the ferrite matrix unit-cell 

dimensions before and after nitriding (see Table V. 1) gives 

further evidence for the formation of mixed substitutional- 

interstitial solute-atom clusters. The increases in unit- 

cell dimensions obtained on nitriding are much greater than 

those expected from alloy nitride precipitation together with 

the nitrogen content in equilibrium with the ferrite matrix. 

However, they are accounted for if almost all the nitrogen 

remains in-solid solution and occupies the octahedral inter- 

stices of the ferrite lattice. 

The unit cell edge length of a substituted nitrogen 

ferrite (Pe-X-N) is given by: - 

a, = a�+ a.., *a, 
ý 99. usteee (V). 3 

where aPe is the unit-cell dimension - of pure oý -iron 
(2.8664 A) and an and a. are the increases due to the solution 
Or nitrogen and the substitutional solute respectively; ax is 
known from the dimensions of the annealed un-nitrided alloys 
COMPared with that of aFe- Por the calculation of aNj extra- 
POlation of data for nitrogen ferrite (Vireidt & Zwell, 1962) 
to the nitrogen concentrations encountered in the Present 
Work is of doubtful accuracy. More reliable values based 
11POn the structures of &-'-nitrogen martensite containing up 
to 9.2at. c, &,, N and of 

2-F. e, 6112 (Jack, 1951, (a) 19519(b)), are: - 

0 
an 7- 0.007 + 0.0003 A per N atom per 100 metal atoms, 
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0 
0.0285 ± 0.0015 A per wt. %oN in Pe. These 

fig=0a. within the limits of experimental error, agree with 

the values of Wreidt & Zwell. This dilation of ferrite due 

to nitrogen in solid solution has been used in (V)3 to cal- 

culate the lattice parameters of the nitrided alloys given in 

Table V. I. The close agreement of the calculated and obs- 

erved values clearly indicates that most of the solute atoms 

exist in solid solution and not as alloy nitride precipitates. 

Pe-Cr alloys nitrided at 5750C are the exception; the 

observed lattice parameters are lower than those calculated. 

for complete solid solution and indicate that nitride pre- 

cipitation has occurred. The data for Fe-1.2at. j1, )Cr nitrided 

in IOITH 3 : 90H 2 at 575 0 C*f'or 26 hours can be accounted for by 

complete precipitation of CrN together with the nitrogen in 

solution expected for pure C<-iron in equilibrium with the 

nitriding atmosphere. However, the values obtained after 

nitriding at the lower temperature of 4750C agree with those 

expected when the chromium and nitrogen atoms are retained in 

solid solution as mixed substitutional-interstitial solute- 

atom clusters. This confirms the suggestion of Mortimer 

(1971) that clusters in Pe-Cr-IT alloys are less stable than 

in other Pe-X-N systems. 

Rýamples of the electron microstructure of a nitrided 
Pe-2at. %Cr alloy are shown in gigure V-3. After nitriding at 
500oC in 13NH3: 87H2 small, coherent particles of 3-5nm diameter 

are observed (see Pig-V-3(a)) which give continuous streaking 
on electron diffraction patterns. However, nitriding to. the 
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same nitrogen potential at 5750C results in particles of 14- 

25nm diameter being precipitated-(see Fig-V-3(b)), which 

give intensity maxima on the streaks, indicating CrN to be 

present. The difference in microstructure shows the import- 

ande of nitriding temperature upon the size of the precipi- 

tated particles in Fe-Cr alloys. 

The unit cell dimensions of a solid solution are 

essentially invariant with respect to the distribution of its 

solute atoms. A matrix containing clusters or GP zones is a 

solid solution in which non-random local atomic arrangements 

exist, but its dimensions are the same as a random solid sol- 

ution having the same solute concentration. When precipi- 

tation occurs the lattice parameter changes to that of the 

depleted solid solution. For substitutional solutes the 

change in unit cell dimensions is small, but for interstitials 
0 

the increase in ao isl as shown above, about . 007 A per at. % 

interstitial solute in b. c. c. iron. Therefore, the unit cell 

dimensions of the matrix, even when measured to only I in 

5,000 provide a very sensitive method of determining whether 

Aitrogen is in solution, (randomly or as zones), or whether 

it is precipitated as a second phase. Figure V-4 shows that 

after nitriding Fe-X alloys under suitable conditionsp the 

unit cell dimensions increase by the amount expected if all 

the absorbed nitrogen goes into solution; yet from the elect- 

ron micrographs and the'hardness of the material the solute- 

atom distribution cannot be random. By contrast, on nitriding 

Fe-VI alloys there is a decrease in unit cell dimensionsp 



Fig. V4 

. 

. 
b- CL 

CO 
Co 
cý4 

8 
0. - L- 1 

2 ý- (-) 3ý: 
0 

% 

W-0 OD 00 

- (ýi cýJ u 

ci 

(Y) 

CN 
z 

Unit-cell dimensions of nitrided f erritic alloys 



- 64- 
.b 

because the first formed clusters transform immediately to a 

metastable 
d'-type Fe-W-N intermediate precipitatie (Stephenson,. 

1973);, 

V-4 Internal friction of Fe-Mo-N alloys 

Typical damping curves obtained after nitriding Fe-3-0 

at. %IJo in 6NH 3 : 94H2 at 5800C for 24 hours are shown in Figure 

V-5, where Q-1 (corrected for background damping) is repres- 

ented as a function of temperature. Under these nitriding 

conditions a GP zone structure is fully developed (see Figs. 

11.8 & 11.9). The maximum nitrogen concentration obtained 

after nitriding is 2.5at. %N. - Therefore, the damping is 

extremely low considering the amount of nitrogen presentt 

implying that only a small proportion of the dissolved nitro- 

gen moves under the applied stress. 

Oontinued nitriding for 48 hours produces little change 

in nitrogen concentration, although optical microscopy shows 

that some grain boundary regions begin to transform by the 

discontinuous precipitation reaction. The effect of continued 

nitriding upon the internal friction characteristics is to 

cause both the peak height and temperature to increase slightly 

(see Figure V. 6). 

In Pigures V-5 & V. 6 the duplicate curves are obtained 

from wires prepared together and subsequently tested at diff- 

erent frequencies. Only very slight variations in peak 
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heights are observed, confirming that the low level of damp- 

ing is a consistent effect and is not due to rapid precipi- 

tation occurring whilst the specimens are retained prior to 

testing. The shifts in peak temperature occur because of'the 

relationship 

V= Tg' exp AH /RT @*doof** 
(V). 4 

which enables an average value of AH to be calculated (see 

section V-7). 

The noticable features of the internal friction results 

are: - 
i) the absence of a significant Snoek peakv 

ii) the absence of a Mo-N interaction peako 

iii) the appearance of a damping peak in the range 150 - 

i 800C. 

The absence of a significant Snoek peak and of the Mo-N 

interaction peak implies that either there is very little 

nitrogen in random solid solution; orp if there ist it cannot 

contribute to the damping within the normal temperature range. 

Electron microscope and field-ion microscope observations 

(Driver & Papazian, 1973) confirm the presence of mixed subs- 

titutional-interstitial solute-atom clusters in Fe-)Ao alloys 

nitrided under similar donditions to those. used in the prep- 

aration of the internal friction samples. Clusters of 10 

15nm diameter, producing extensive coherency strains and having 
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interparticle spacings of 5- 15nm, are observed (see Figs. 

11.8 & 11.9). Because of the relatively small intercluster 

spacing only a few atomic jumps would be necessary for nitro- 

gen atoms to reach the coherency strain fields. Thereforey 

it seems probable that the nitrogen in solid solution is 

located in the extensive strain fields surrounding the zones; 

this results in a low or non-existant Snoek peak. 

The appearance of the high temperature damping peak 

irafxýies that nitrogen atoms are present in alternative enviro- 

ments to normal Snoek sites. - Prolonged nitriding causes both 

the peak height and temperature to increase slightly (see 

Figs. V-5 & V. 6). The increase in peak height could be 

explained as being due to the slight coarsening of the struc- 

ture which occurs, resulting in a larger intercluster spacing 

which would then leave more nitrogen free to contribute to 

the damping. The increase in peak temperature implies that 

an increase in the activation energy for the process contr'Lbu- 

ting to the damping has occurred. 

The internal friction characteristics of partially nitri- 

ded specimens, in which the GP zone structure is not fully, 

developed# is particularly complex. Figure V-7 shows the 

changea occurring after nitriding for various times in a 

6NH 3: 94H2 gas mixture at 580 0 C. Initially, (see Fig-V-7(a)), 

damping is observed in the entire range 50 - 2800C. inferring 
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/ 

that a wide spectrum of nitrogen atom enviroments exists. 

During the short nitriding times used the specimens are in- 

creasing in hardness. Driver & Papazian (1973) have shown 

that in these early stages the zone density continuously in- 

creases with nitrogen concentration and therefore, with hard- 

ness. At any one time, little deviation in hardness is evi- 

dent across the specimens and so it is reasonable to assume 

that the structure is uniform. When peak hardness, (and con- 

sequently zone density), is reached a distinct high temperature 

damping peak is observed (see Fig. 7(c)). Thereforev the com- 

plex damping effects observed after short nitriding times are 

associated with the embryonic stages of clustering. The com- 

plete absence of any Snoek damping is very significanty show- 

ing that as soon as nitrogen atoms enter the specimen, they 

are preferentially attracted to sites other than normal octa- 

hedral ones. The most likely sites would appear to be those 

associated with clusters or substitutional molybdenum atoms. 

The enhanced broadening of the internal friction peak which 

occurs willphin the range 60 - 1200C could be explained in terms 

of a Mo-ýT interaction peak being superimposed on the high 

temperature peak. The position of this peak via s determined in 

the absence of a high temperature peak by nitriding a Fe-1-7 

at. %Mo alloy at a nitrogen potential below the zone solvus for 

homogeneous precipitation. By doing so, some nitrogen and 

molybdenum atoms are left in random solid solution and hence, 

upon testing, the Mo-N interaction peak is observed (see Fig. 

V. 8(b)). At a testing frequency of 0.75 c-P. s. the peak is 

observed to occur at 82 0 C. This compares favourably with the 
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value'given by Dijkstra & Sladek (1953) of 750C for a Pe-0-3 

at. %Mo alloy tested at 1 c. p. s. 

The likely presence of this peak in the partially nitri- 

aea Fe-3at. %lMo alloy confirms that some of the nitrogen atoms 

move into the vicinity of molybdenum atoms immediately upon 

enteringg the specimen as a prerequisite for cluster formation. 

The disappearance of this peak in the fully nitrided sample 

(see Pig. V. 7(c)) is expected, since there are now no molyb- 

denum atoms remaining in random solid solution. The enhanced 

broadening which occurs above 1600C is more difficult to ex- 

plain.. but since it disappears in the fully nitrided alloy it 

must also be associated with the initial stages of cluster 

formation. 

Significant differences in damping behaviour are observed 

af ter- nitriding a Fe-1 - 7at. %Mo alloy at two diff erent nitrogen 

potentials (see Fig. V. 8). A'6NH 3: 94H2 gas mixture i's insuffi- 

cient to exceed the solvus for GP zone formation, thus leaving 

nitrogen and molybdenum atoms in random solid solution. The 

internal friction data clearly confirms this phenomenon 

showing both a Snoek and a Mo-N interaction peak,. whilst only 

a very small high temperature peak is detectable. Raising 

the nitriding potential to 1ONH 3 : 90H 2 produces a significant 

change in microstructure, enabling relatively coarse zanes to 

form which slowly transform to 9 
-MoN. Metallographic exam- 

ination of this sample showed some evidence of grain boundary 
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transformation and X-ray examination indicated that some 

9 
-MoN was precipitated. The internal friction associated 

with this structure is-shown in Figure V. 8(a), where the 

presence of a Snoek and a high temperature damping peak are 

observed. 

Using these observations the internal friction character- 

istics of Fe-Mo-N alloys can be interpretea in a consittent 

manner. A peak at about 800C only occurs when there are moly- 

bdenum atoms remaining in solid solution. The anomolous high 

temperature damping peak is associated with homogeneous pre- 

cipitation., "'the peak moving to higher temperatures as the 

structure coarsens. Simultaneously, the Snoek peak height 

slowly increases, indicating that more nitrogen is present in 

normal Snoek sites. This can be explained as being due to 

the fact that as the particles coarsen a wider interparticle 

spacing results, leaving more unstrained lattice available 

for normal Snoek sites. 

Hydrogen reduction experiment8 give some indication of 

the state of the combimtion of nitrogen. -Thus, nitrogen in 

clusters is removed more quickly than nitrogen which is more 

strongly combined as alloy nitride precipitates; in Fe-Mo-N 

alloys the nitrogen caii be removed completely, leaving only 

Fe-Mo clusters in the ferrite matrix (Unthank et-al., 1972). 

During hydrogen reduction experiments the nitrogen 
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concentration diminishes rapidly at first, presumably as 

nitrogen is removed from solid solution and from low-energy 

sites in the strain fields surrounding the zones. After 

reduction for about 10 hours, the rate of nitrogen removal 

decrBases as nitrogen is removed from the substitutional- 

interstitial zones and, eventually, after about 200 hoursq 

almost no nitrogen remains. Internal friction measurements 

on samples subjected to such treatments give no evidence of 

any peaks even after short reduction times (10 hrs at 5800C). 

These observations confi-rm that it is the nitrogen atoms 

trapped in the strain fields around the particles that are 

responsible for the anomolous damping charýLcteristics;, the 

nitrogen atoms coalesced as particles being too strongly 

bound to contribute to the damping. 

V-5 Internal friction of Pe-Cr-N allovs 

The internal friction characteri3tics of Fe-1-2 at. %Cr 

and. Pe-2. Oat. %Cr alloys have been investigated at various 

stages of the precipitation sequence. Figure V. 9(a) showst 

the damping characteristics obtained after partial nitriding, 

Damping-is complex, as in partially nitrided Fe-3. Oat. %Mo 

alloy8p confirming that nitrogen atoms are present in a wide 

range of environments. The damping occurring in the range 

0- 100 0C 
can be explained as being due to the presence of a 

composite Snoek and Cr-N inteýaction peak. Dijkstra & Sladek 

(1953) observed a similar composite peak at about 470C in a 

Pe-0.5at. %Cr alloy containing nitrogen. In Pigure V. 9(a) the 

damping maxima is observed to be at 530c. Therefore, the 
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damping of the partially nitrided alloy can be interpreted 
r 

as being due to nitrogen atoms moving into the vicinity Of 

chromium atoms immediately upon entering the specimen. 

Continued nitriding to peak hardness results in a dis- 

tinct high. temperature damping peak occurring at 210 0C (Fig. 

V. 9(b)). At peak hardness the microstructure consists of 

CrN plates of about 20nm diameter. From this result it is 

apparent that the anomolous damping observed in the partially 

nitrided alloy above IOOOC is due to nitrogen atoms other 

than those associated with either Cr-N solid solution inter- 

actions or those trapped around CrN precipitates. 

In a Pe-2. Oat. %. Cr alloy nitrided at 5000C for 20 hours 

in 13NH 3 : 87H2 damping is verysimilar to that observed in Fe- 

Mo-N alloys containing GP zones, with a high temperature 

damping peak occurring at approximately 1700C. Lattice Para- 

meter measurements of similar samples indicate the presence 

of solute-atom clusters and electron microscopy (see Pig. V. 3 

(a)) reveAls small, coherent-particles of about 5nm diameter, 

which give continuous streaking on electron diffraction pat- 

terns. It is interesting to note that this sample is not 

fully nitrided, yet, a distinct high temperature damping peak 

is observed, despite there being no damping at low temperatures 

(Fi6%T. lO)*This behaviour is unlike partially nitrided Fe-1.2at. 

%Cr and Fe-Mo alloys where additional damping occurs, inferring 

that a different type of nitriding behaviour. exists. 
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Mortimer (1971). found that the nitriding of the Fe- 

1.2at. %Cr alloy differed from that of the higher chromium 

alloys in that a hard subscale was not observed and that the 

rate of'nitriding was slower than expected from internal 

nitriding theory. The reason for this was interpreted as 

being due to the fact that only part of the nitrogen inter- 

acts with chromium upon entering the specimen; the remainder 

diffuses inwards, leaving unreacted chromium to combine with 

nitrogen at a later stage. This phenomenon produced 'dish' 

shaped hardness profiles; the rate controlling step wan 

thought to be the diffusion of chromium over small distances 

around the nucleating and growing CrN particles. The present 

internal friction work supports this explanation because a 

COMDOSite Snoek and Cr-N interaction peak is observed in the 

partially nitrided Fe-1.2at. %Cr alloy; this shows that all of 

the nitrogen has not reacted with chromium upon entering the 

sample. By contrast, practically no unreacted nitrogen is 

detectable in the case hardened alloy. 

Nitriding Fe-Cr alloys at 5750C results in rapid over- 

/ 

ageing of the structure, although the nitride precipitates 

retain the disc-shaped morphology of clusters. High tempera- 

ture damping is still associated with such a structureq al- 

though the peak now occurs at a higher temperature, 215 - 
230OCy depending upon the nitriding time and potential (see 

Fig. V. 10). These damping observations confirm that the nitro- 

gen atom environment responsible for the anomolous high 

temperature-damping is the same when both solute-atom clusters 

and fine nitride precipitates are present. As the peak 
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temperature- increases from 170 to 2250C, there is a simulta- 

neous increase in peak height from 18xIO-4 to 43XI 0-4. al- 

though the nitriding potential used at 500 0C and 5750C is the 

same. Therefore, more nitrogen is free to contribute to the 

damping when the abnormal peak temperature increases, 

V. 6 Internal friction of Fe-Ti-N alloys 

The damping characteristics of a Fe-0.65at. %Ti alloy. 

nitrided to saturation in 5NH : 95H are shown in Figure 32 
0 A high tepperature damping peak is observed at 150 C together 

with a small Snoek peak. The effects are similar to those 

observed in Fe-Mo and Fe-Cr alloys nitrided under conditions 

to produce a similar microstructure. Electron micrographs of 

the nitrided Pe-Ti alloy are shown in Figure V. 2. It is 

possible to resolve soma of the strain fields around very 

small coherent -oartidles of about 2nm diameter. Pope(1972) 

observed that similar microstructures in Fe-V alloys produced 

an internal friction peak at 1500C. Therefore, from the 

results of this investigation and Pope's (1972) work, it is 

apparent that an internal friction peak occurs at from 150 to 

1700C when a microstructure, containing small coherent parti- 

cles iB produced. 

Two damping peaks in the ranges 116 - 160 0C and 220 - 
2420C have been observed in nitrided Fe-Ti alloys by Szabo- 

Miszenti (1970). Peak temperatures and widths varied with 

heat treatment, and the peaks were ascribed to interstitial 
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Fig. V. 11 

Intgrnal fr*ctlilon 'of Fe-065 at%Ti ' nitrided for 

24hrs in 5: 95 NH:. U2 t 575"C (f=l-Ocps) 3 -SLX- 

Temperature *C 



- 74 - 

nitrogen - substitutional titanium interactions. Heavily 

nitrided damples were observed to be very brittle, a 

characteristic of a structure containing a high volume frac- 

tion of fine particles. It is interesting to note that a 

peak at 150 0C was observed in these samples. The present 

work suggests that this peak is in fact due to the movement 

of the less firmly bound nitrogen atoms around fine coherent 

particles. 

V-7 Activation-energy for the high temperature dam-nin 

Despite the anomolous high temperature peak being too 

broad to be ascribed to a single relaxation process, an 

average value of the activation energy,, AH, can be calculated 

from (111). 20 using the fact that the maximum damping occurs 

when wle=l. By testing at two frequencies, a shift in peak 

temperature'oecurs enabling AH to be calculated. From (111). 20: - 

jzw =, ýeXPAH /RT 
p 

eueteeee (V)5 

where Tp is the peak temperature. If TI and T2 "0 the peak 

temperatures at two testing frequencies, w, and w2, ' then 

solving for AH: - 

A H= 19.14 log &-h/tJ, (V) 
1 To -12 

"I This method has been applied to nitrided Fe-3at. 5-Mo al- 
loys (see Pigs. v. 5 &-V. 6), from which AH is calculateJ to be 

29 ±5 and 26.5 ±5k cals respectively. The large errors 
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ari. se from the difficulty in defining the peak temperatures C. 2 
accurately. Similar calculations from the Fe-2.0at. %Cr alloy 

nitrided at 5800C, give AH values of 31-15 k cals. Measure- 

ments at other temperatures and especially at those over a 

wider frequency range would be'necessary to find the value of 

AH with greater accuracy. 

Wert & Marx (1953) have shown that for a given frequency, 

the temperature at which a relaxation peak is found increases 

as the activation energy increases. For many relaxation 

effects AH/Tp has approximately the same value., and an al- 

most straight line relationship, passing through the origing 

18 obtained when &I is plotted as a function of Tp. Theoret- 

ical justification for this relationship has been obtained 

for a given model. Using the migration of interstitials in 

b. c. c. lattices as an example, tho mean time of stay (1r) of 

an intersdtial atom in a given position is determined by the 

condition, 

Ilre = nv (exp AS/R)(exp -, 6H/RT) 9 *_o ooooo 
(V). 7 

where R is the gas constant, v the interstitial atomic frequencyt 

n is the number of elementary diffusion paths and AS andAH 

are the entropy and enthalpy of activation respectively. The 

exponential terms overwhelm any variation in v; thereforeq by 

taking an average value. of v=1.2xI013 c. p. s. little error 

is involved. 
0 

is related to the relaxation time., '", rr, by: - 
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T' =3 /2rrý3/2 ( V2-Kf., ........ (V). 8 

where fm is the frequency of the applied stress at the temp- 

erature at which the internal friction peak is observed. 

From this analysis it follows that 

AH= RT in (v/: C,, )+ TAS *0*900000 
M. 9 

Thus, a linear relationship is found and it is observed 

that the entropy changes are approximately the same for all 

processes which obey the relationship. Further data by 

Stephenson (1965) on interstitial diffU31on in b. c,. c. metals 

has become available, showing, that the best straight line 

relationship is obtained from, 

H= 62.6Tp - 250 cal/mole + 860 cal/mole MAO 

In the present work, peaks are observed in the range 150 - 

230 0 C. Applying the relationship in (V). 10 gives AH values 

of 27.5 - 32.5 k cals; which agree closely to the values 

calculated by the peak shift method. 

Using the relationship found in (V). 8 for Z and the exper- 

imentally determined value of AH, it is possible to calculate 

a value ofQý ; from (IIIJ20 

exp AH/rj, 
I 

substituting for 'r) 
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fm) lo' exp AH/RT, (V). l I 3/2 (y 

For the peak in Pe-3at. '/'oMo this gives To = 

1.02 x 10- 16 
cps, whereas the Fe-2. Oat. %Cr peak at 230 0C 

gives 'ro = 7.05 x 10-15 cps. Both values are seen to be in 

close agreement with those derived by Fast and Vertijp (1954) 

for the diffusion of nitrogen in alpha-iron (2.06 x 10-15 cps)* 

Therefore, it seems that the long relaxation times in the 

present work arise solely from the large activation energy, 

The relatively high values for the activation energy are 

believed to be due to nitrogen atoms within the strain fields 

around the precipitated particles. The resultant interaction 

provides an additional barrier for lattice diffusion and ex- 

plains why nitrogen diffusion is abnormal in Fe-X-N alloys. 

Values for the diffusion 'rate of nitrogen in pure iron, 

ý 1.11 

within the range of peak temperatures found in the present 

work, can be calculated from 

D= Do exp -Q /RT (V). 12 

Using the values of Fast and Verrijp (1954) of 6.6 x 10-3 

for Do and 18,600 k cals for Q. the diffusion rates of nitro- 

gen at 150 and 2300C are 1.49'x 10-12 and 5.11 x 10-11 cm2/sec 

respectively. 

If the diffusion of nitrogen in a b. c. c. lattice is 

considered to be a random process, then the diffusion co-efficient 
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can be shown to be 

2 
M. 13 

where X is the jump length and 'týis the mean time of stay 

at a given lattice site. X is the distance between the 

nearest interstitial positions and is only half the lattice. 

constant, a. 

Therefore, D2M. 14 a/241, 

The mean time of stay, *^C , is related to the relaxation time 

t'r by 

2 
........ (v). f5 

and the relaxation time by 

fm 
U ooo*oooo 

Combining M14, M15 and (v)16, an expression can be 

obtained for D: 

2 
a/, 

8 fm 99*oeooo M. 17 

and hence, the diffusion co-efficient at the temperature 

corresponding to the maximum internal friction can be calcu- 

lated from the lattice spacing and periodic time of the 



- 79 - 

oscillations. 

Using this expression, the value of D for the peaks 

found at 150 and 230 0C is 1.43 x 10-16 2 
'-'/see-' which is con- 

siderably less than the values, expected for nitrogen dif- 

fusion in pure iron.. The above values should be used with 

caution since the peak is not a single relaxation process. 

Nevertheless, they represent an average value and give an 

idea of the slower rate of nitrogen diffusion in the nitrided 

alloys. The lower values explain the slow rate of decay of 

the high temperature peak and the consequent slow rate of iron 

nitride precipitation in Fe-X-N alloys containing zones or 

precipitates. 

V. 8 The-hiqh temioeraturepeaks 

High temperature damping peaks were first observed in 

constant-activity nitrided Fe-V alloys (Pope, 1972). This 

investigation has shown that similar peaks are observed in 

nitrided Pe-11o, Fe-Cr and Pe-Ti alloys; whereas Middleton 

(1974) has also observed a similar peak in a nitrided Fe-Mn 

alloy. 

Therefore, the peak appears to be a general feature 

associated with homogeneous precipitation in*nitrogen ferrites. 

The changes in peak height and temperature appear to be re- 

lated to changes in the microstructure, both increasing as the 

microstructure coarsens. The peak is thought to arise from 

the movement of nitrogen atoms in the strain fields surrounding 
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zones or predipitates; the nitrogen in the particles being 

too firmly held to contribute to the relaxation spectrum in 

the temperature ranges used. 

The broadness of the peak su'ggests that it is, in factv 

a composite peak due to the presence of a relaxation spect- 

rum. The range of relaxation times is probably due to nitro- 

gen atoms moving in the vicinity of particles of various 

sizes and stability. The ideal damping curve of a process 

occurring with a single relaxation time is given by: - 

(V).! Qmax' occh 

which predicts that damping is symmetric about the reciprocal 

peak temperature and that the relationship 

AH = 5.26i3-.. -, - 099 

defines the 

activation energy in terms of the half-peak width A(I/T), 

Comparison of the half-peak widths calculated from (V). 19 

with the corresponding experimentally observed values indi- 

cates whether or not damping occurs with a single relaxation 

time. AH can be measured by either observing the shift in 

peak temperature with frequency or by calculation using the 

method of Wert & Marx (1953). Data from both techniques is 

given in Table V. 2. The peaks are seen to be considerably' 
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broader than predicted from (V). 19,, inferring that the high 

temperature damping is due to a relaxation spectrum. 

Observed data for the-high temperature damping peak in Fe- 

Mo-N alloys, has been replotted as a function of (1/fl in 

Fig. V. 12. Comparison is made to the damping expected from 

a single relaxation process having the same peak temperature 

and an activation energy of 30 k cals/mole, (see Pig. V. 12(b)). 

The experimental damping is clearly broader than the ideal 

curve and is also noticably assymmetric. 

The presence of a broad damping peak occurs because of 

a distribution of relaxation times, IC. where 

Z exp . 
6H 

0 IFT 00000000 
(V). 20 

A distribution of relaxation times can, therefore, arise 

from a variation in t. (a pre- exponent ibLl constant), in AH, 

or possibly both. Certain broad peaks which exhibit a 

Guassian distribýution of relaxation times (a lognormal distri- 

bution) have been described by a mathematical distribution 

function (Nowick & Berryl 1961). However, this analysis can- 

not be applied in the present investigation because the peaks 

-I are assymmetric, being broader on the low-temperature side. 

Upon measuring the. damping curves after several heating 

(up to 3000C) and cooling cycles, the peak height was found 

to diminish slowly (see Fig-V-13). For exampleg after one such 

cycle the peak was observed to drop from 68 x 10-4 to 63 x jo-4. 
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Similar damping decrements were found for each successive 

cycle. This information confirms that the peak assymmetry 

cannot be due to rapid precipitation of nitrogen occurring 

during the experiment. In fact, the slow rate of decay of 

the peak and the relatively high activation energies for 

nitrogen diffusion explain why precipitation is slow, a fact 

which has previously been established in Fe-X-N alloys 

(Pipkin, 1967; Speirs, 1969; Mortimer, 1971; Popet 1972), 

Whilst the peak height dropped it was noticed that the peak 

temperature decreased slightly, indicating that a redistribu- 

tion of relaxation times has occurred. The damping peak is 

obviously complex and cannot be readily analysed into its 

- individual components. Similar investigations into the 

interstitial-sub-stitutional peak in iron have shown that this 

peak is also complex, 

V. 9 Discussi6n 

Internal friction cC ferrite containing substitutional 

atoms and nitrogen in''Irandom" solid solution is complex. 

Alloying elements produce interaction peaks at temperatures 

from 30 - 90 0 C. All investigators agree that such peaks arise 

. from the stress-induced diffusion of nitrogen atoms in the 

vicinity of substitutional atoms, but quantitative relation- 

ships between peak heights and the associated nitrogen con- 

-I centration, have not been established. Such analyses would be 

extremely complicated because interaction peaks are composed 
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of several elementary peaks each occurring at different 
, 

temperatures. Even if the composite peak is accurately 

analysed in terms of its components, the heights of the lat- 

ter will not necessarily give a true assessment of the nitro- 

gen contributing to the interaction peak, because the ratio 

of the number of nitrogen atoms associated with each compo- 

nent peak may vary with temperature. Consequently, the 

accurate determination of dissolved nitrogen in ternary alloys 

using damping measurements is difficult. 

The internal friction of Fe-X-N alloys containing solute 

atom clusters is further complicated by the occurrence of 

damping at temperatures much higher than that expected from 

random substitutional-interstitial interactions. The damping 

is observed in nitrided Fe-V, Fe-Mo. Fe-Cr dnd Fe-Ti alloys 

and consequently part of. the original aim of this investi- 

gation, the determination of nitrogen concentrations in equi- 

librium with the successive stages of precipitation, is impos- 

sible. Nevertheless, the unexpected high temperature damping 

is extremely signiificant and will be discussed further in the 

context of small precipitated particles and the associated 

matrix strain. 

The temperature dependence of damping produced by a 8ingle 

relaxation process is defined by (111), 21, which predicts that 

damping is symmetric about the reciprocal peak temperature. 

Data for the high temperature. peak of the Fe-3at. %Ilo allOY 
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nitrided at 580 0 in 6NH 3 : 94H2 was replotte'd as a function of 

reciprocal temperature (see Figure V. 12). This shows that 

the damping is broad and assymmetricl confirming that the 

relaxation process occurs from a number of different re- 

laxation times. Interaction peaks between substitutional at- 

oms and nitrogen are of this form and numerous attempts have 

been made to analyse them in terms of their components. 

Perry, Malone and Boon (1966) have shmvn that the V-N inter- 

action peak has at least three components, whilst Ritchie 

and Rawlings (1967) have analysed the Cr-IT peak into four 

peaks, excluding the carbon and nitrogen Snoek peaks. The 

Fe-Mn-N system has received most attention and findings by 

Ritchie and Rawlings (1967) and by Nacken and Kuhlman (1966) 

have shown that seven peaks are necessary to describe the 

comDosite interaction peak in iron containing up to 2at. %Mn 

and 0.28at. rc-IT. However, other research by Couper and 

Kennedy (1967) and by Enrietto (1962) analysed the peak by 

computer programme into three peaks. 

Recently, Welch and Carpenter (1972) investigated the 

V-N interaction peak and found that the peak temperature in- 

creased as the nitrogen concentration increased. They also 

found the peak to be assymmetric and not a single Debye peak. 

By computer programme, they found the best correlation to 

t 11 

conai: §t -of three Debye peaks, having temperatures of 75., 86 

and 103 0 C. The activation energy for the average process was 
found to be 24.5 k cals with a *rCo value of 2x 10716 see. 

They predictea the possibility of other peaks occurring at, 

135 and 1650C from stress relaxation methods'. but found no 
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internal friction at these temperatures. The data was ex- 

plained as being consistent with stress induced diffusion of 

nitrogen around a VN 'defect' , in which a nitrogen atom is 

tightly bound to a vanadium atom. This nitrogen atom is 

supposedly in a tetrahedral site since Berhers (1965) showed 

that interstitial nitrogen energetically favours this site 

in the vanadium lattice. Damping is caused by diffusion of 

nitrogen in. first and second nearest neighbour sites through 

octahedral - tetrahedral - octahedral diffusion paths. No 

Snoek or abnormal damping was observed until the nitrogen 

concentration exceeaed a N. oV ratio of 1: 1, a fact which sub- 

stantiates the earlier work of Fast and Meijering (1953) on 

Ve.;. V-N alloys. In the present investigation it is apparent 

that only the excess nitrogen causes the peak, there being no 

peaks after hydrogen reduction treatments. 

All models have attempted to descri -e the composite in- 

teraction peak in terms of a relatively small number of elem- 

entary pea'jM and clearly the agreement between the observed 

and calculated data will increace with the number of compon- 

ent peaks. A different approach, which is applicable to 

symmetrically broadened peaks, has been described by Nowick 

& Berry (1961). They assumed that a Guassian di3tribution of 

II relaxation times occurs and in principle this technique indi- 

cates whether the distribution of relaxation times arises 

from a distribution in or in activation energy. Howeverv 

this approach cannot be applied in the present investigation 

because of the assymmetric damping peaks. Clearly the,. analysis 

/ 
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of composite peaks into their domponents is a complicated 

procedure of questionable reliability and so no attempt has 

been made to treat the high temperature damping peaks observed 

in Fe-X-N alloys containing zones or precipitates in this way. 

There is growing evidence that solid solutions of inter- 

stitials are not random. Por example, Keefer & Wert (1963) 

have shown that nitrogen-and carbon atoms cluster around iron 

atoms and broaden the normal Snoek peak. The effects of high 

concentrations cannot be determined by measurements of the 

Snoek damping in iron since low solubilities exist. However, 

high interstitial concentrations especially of oxygen and 
OP nitrogen, are obtained in b. c. c. tantalum and niobium. Ke 

(1948) observed that the Snoek damping peaks in these alloys 

were too broad for a single relaxation process. Further work 

by Po%ver8 & Doyle (1956,1959) demonstrated that in Ta-0 alloys 

the broadening was due to the superposition of two seperate 

peaks with different 'r values, one due to 0-0 pairs and 

one to random atoms. In agreement with the studies of Zener 

(1948), it is usually assumed that the binding energy origi- 

nates mainly from elastic interactions. When an interstitial 

atom is in an octahedron of a b. c. c. metal, the lattice is 

distorted in its vicinity. In some adjacent sites the short- 

est distance between two metal atoms is somewhat increased, 

the others decreased. The deformation energy caused by the 

introduction of a second interstitial atom in an already 

elongated site will be less than in an arbitnvy non deformed 



- 87 - 

site. The difference between the two energies acts as a 

type of binding energy between the two interstitials, caus- 

ing them to cluster. At higher concentrations it is likely 

that larger groups of atoms will be bound together. 

In the present work relatively high concentrations of 

nitrogen are present. Although it is unlikely that nitrogen 

present in mixed substitutional-interstitial solute-atom 

clusters or nitride precipitates will contribute to Snoek 

damping, it is perhaps surprising that little damping is 

obtained from the nitrogen in equilibrium with the nitriding. 

atmosphere. This absence is probably attributable to the 

segregation of nitrogen into the vicinity of the clusters or 

precipitates at low temperatures. In this context it is 

interesting to note that Stark. et al (1956) found no Snoek 

peak in carbon martensite; also, a reduction in Snoek peak 

height is known to result from a decrease in grain size. 

Therefore, a general trend exists in that increasing the 

strained volume decreases the mobility of the interstitials. 

It appears that in these cases, the appliea torsional stress 

is insufficient to overcome the internal strain and produce 

the periodic variations necessary for diffusion of intersti- 

tials at the normal Snoek temperature. It 8eems likely that 

the lattice strain associated with the solute atom clusters 

acts in a similar manner and prevents atomic motion at low 

temperatures. Indeea, As the inter-cluster spacing is 

increased by -prolonged hydrogen reduction and renitriding 

cycles, or by using higher nitriding temperatures, small 
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Snoek peaks are observed. The increased spacing between 

clusters is expected to produce small regions of ferrite 

free from distortion, and it is the stress induced diffusion 

of nitrogen in these regions which produces Snoek damping, 

Such an explanation is equally applicable to a dispersion 

of fine nitride precipitates. 

In addition to Snoek peaks produced by stress induced 

ordering of interstitialst damping has been noted at high 

temperatures in Pe-C and Fe-N alloys. Snoek (1941) first 

reported the cold work damping peak associated with the 

interaction between dislocations and nitrogen, and*in 

further work Petarra & Beshers (1967) demonstrated that the 

peak temperature varied within the range 160 - 2000 C depend- 

ing upon the degree of cold work and nitrogen concentration. 

The existence of a high temperature da, -,,. ping peak at 220 CC 

in*carbon martensite has been demonstrated by Stark et al 
(1956) and by Mura et al (1961). It is generally agreed 

that the anelastic strain responsible for these peaks arises 

from the motion of dislocations under stress in the presence 

of carbide or nitride precipitates, or interstitial atmos- 

pheres. However, the explanation cannot satisfactorily 

account for high temperature damping observed in the present 

investigation because the dislocation density is certainly 

reduced by the hydrogen annealing treatment carried out prior 

to nitriding, and Snoek (1941) showed that the dislocation 

density of annealed materials does not produce a cold work 

peak. 
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In the present investigation, the source of anelastic 

strain responsible for the high temperature damping pcak is 

probably the motion of a small proportion of the nitrogen 

atoms in the interstices furthest away from the coherent 

particles. It is probable that a range of activation 

energies iýxists corresponding to the varying matrix strain, 

but only atoms having activation energies at the lower end 

of the spectrum can move under the applied stress. Such a 

model predicts a composite dan. ping peak, with an activation 
0 C) 

energy corresponding to the average value of the component 

relaxation processes. 

It is well known that interstitial solutes are preferen- 

tially attracted to such lattice defects which prevail in the 

elastic strain fields around the coherent particles'. The 

relatively high activation energy for damping is a result of 

this interaction, being higher than that in pure iron, but 

less than that for substitutional solutes in iron (111-', orrison 

& Leslie, 1973). Similar activation energies have been 

determined from strain ageing tests of vanadium and titaniým 

strengthened low alloy steels, the higher value being indic- 

ative of a reduction in strain ageing (Rashidv 1976). 

Previous. research has sho-,, -; n that the cold work and martensite 

peaks in iron vary from 160 to 2500C, (Petarra and Bcs. 'ý. ers, 

1967; Stark et al, 1956). Apparent activation energies for 

the peaks were calculated to be from 30 to 40 k cale/mole. 

Activation energies calcalated for the peaks in the present 

investigation range from 24 to 31 k cals/mole. Therefore, Q1 
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it appears that the peak observed in the present investi- 

gation is of similar origin to these other reaks. 

The heights of the damp inE; peaks in the preoent work 

show no apparent correlation with nitrogen concentration. 

Likewise, the cold work peak soon reaches a saturation value 

any excess nitrogen causing no additional damping. An 

interesting feature often noticed with the cold work peak 

was that at higher interstitial levels, the peak height star- 

ted to rise again. This was thought to be due to nitride 

precipitation. The present tork confirms that this is pcs- 

sible, since the peaks are within the same temperature range 

as that for coarse precipitates. 71hen the precipitates lose 

coherency they generate structural di, -4ocations, diýe to the 

lattice misfit, and cculd add to the dislocation peak. 

Damping characteristics very similar to those in the pre- 
I' 

sent investigation have previously been reported by Roster 

and Horn (1966) in nitrided Fe-0-75vlt-W and Fe-Mo alloys, 

Abnormal peaks were observed in the temperature range 150 - 

2300C and ivere attributed to martensite. Howevers electron 

metallography showed a fine dispersion of particles on f1003'. 

The preparative technique of nitriding in N 2/'TH3 gases at 

5900C, would certainly produce small particles. Consequentlys 
it the ob%-. ervations made by Koster and Horn can be explained 

using the model developed in the present investigation. High 

temperature peaks have also been reported by Szabo - Iliszenti 

(1970) in nitrided Fc-Ti alloys, -and viere interpreted, as 
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Ti-N interaction peaks. However, a number or samples were 

noted to be extremely brittle, a characteristic of materials 

containing a high volume fraction of clusters, and so it is 

probable that at least one of the high temperature peaks 

arises from the mechanism proposed in the present investi- 

gation. Recent work by Baldi & Buzzichelli (1973) found a 

broad internal friction peak at about 1700C in Fe-Nb-N alloys. 

Both peaks were related to niobium atoms in solution since 

no extensive nitride precipitation was observed. Howeverp 

peaks at as a high a temperature as this are not normally 

associated with substitutional-interstitial interaction peaks 

and it would appear that the peak is analogous to those 

observed In the present investigation. Peaks at from 150 

0 220 C can be found in all Fe-X-N systems when homogeneous 

precipitation occurs and indeed may appear in a wide range of 

alloys. For example, Sagues & Gibala (1974) have observed 

broad peaks at about 1500C in Ta-Re-K alloys which viere 

attributed to nitrogen atoms in the vicinity of ReN clusters. 

Therefore, internal friction peaks in the temperature range 

150 to 220 0C appear in any ternary alloy system containing 

substitutional and interstitial atoms which have a strong 

attraction for one another. The peak probably originates 

from the interstitial atoms moving in the strain fields 

around clustered or precipitated particles. 

Kinetic studies have shown that nitrogen in hardened 

Fe-X-N alloys is very similar to that in pure iron; but the 

precipitation of iron nitrides from Fe-X-N alloys containing 
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clusters or precipitates is much slower than in pure fer- 

rite. These observations suggest that the rate controlling 

stage in the precipitation reaction is not the diffusion of 

nitrogen through the ferrite lattice. Interpretation of the 

internal friction data tends to confirm this and infers 

that the removal of nitrogen from the vicinity of clusters 

or precipitates is the likely rate controlling factor. 

V. 10 Conclusions 

a) The lack of Snoek damping and the occurrence of a 

high temperature damping peak in the range 150 - 230 0C 

complicates the analysis of the internal friction observed 

in Fe-X-N alloys. Consequently, part of the original aim of 

the investigation, the determination of the equilibrium con- 

centration of nitrogen at the successive stages of the p-. e- 

cipitation sequence, is impossible to attain. 

The Precipitate dispersion is so fine that there are 

few undistorted octahedral sites in nitrided Pe-X-N alloys 

and so little or no Snock relaxation occurs. 

c) Damping at 150 - 2300C is f ound in nitrided Fe-Mo , 
Fe-Cr, Pe-V and Pe-Ti alloys and probably arises from the 

stress induced diffusion of nitrogen atoms at the periphery 

of solute-atom clusters or in the strained matrix adjacent 

to fine nitride precipitates. 

d) Broad, assymmetric peaks occur, indicating a dis- 

tribution of relaxation times. Peaks at about 150 0C are 

associated with fine coherent particles of 5nm diameter. 

Coarsening of the structure successively moves the Peak to 
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higher temperaturesq until a peak at about 230 OC is assoc- 

iated with precipitates of 20nm diameter. At this stage, 

the peak is very similar to that observed in martensite and 

cold worked structures. 

e) The peak is of a different origin to the cold 

worked and martensite peaks previously found within the same 

temperature*range in Fe-N and Fe-C alloys. 

f) The internal friction of partially nitrided material 

is particularly complex. Substitutional-interstitial inter- 

action peaks are observed together with the characteristic 

high temperature pea4. Howevert additional damping is also 

present ýtnd is probably due to atomic arrangements inter- 

mediate between random solid solution and clusters. 

g) Calculation of the activation energies from the 

peak shift method agree with the values proposed. by the semi- 

empirical formula of Stephenson (1965). The relatively high 

activation energies are contidered to be the consequence 

of interactions between interstitial nitrogen and the exten- 

s "ive strain fields around the precipitatdd. -particles. 

h) Hydrogen reduction treatment removes all of the 

peaks, confirming that it is the excess nitrogen which causes 

the anomolcruD dwaping. 
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Chapter VI 

HOMOGENEOUS PRECIPITATION ITT Fe-X-TT ALLOYS 

VIA Introduction 

Speirs (1969) observed that the constant activity nit- 

riding of Fe-Mo alloys below 600 0C produced very hard mat- 

erial associatbd with non-equilibrium precipitation. 

Electron metallography revealed.. the presence of small,, co- 

herent particles precipitated on the ý1003 ferrite planes 

and further work (Speirs et al. 1970) confirmed that the 

first formed particles were substitutional-interstitial 

solute-atom clusters. Upon subsequent ageingg the clusters- 

follow a precipitation sequence similar to aged f. c. c. alloys 

such as A1-4%vt. ý, ýu: 

GP zones one or more metaCtable equilibrium 
intermediate precipitates precipitate 

These observations provided the first evidence of mixed 

substitutional-interstitial solute-atom clusters in b. c. c. 

metals. Subeequentlyt Roberts (1970) found that a similar 

precipitation sequence occurred in Fe-Yb-N alloys, the inter- 

mediate precipitate possessing a body centred tetragonal 

structure. Pope (1972) observed that homogeneous precipi- 

tation in niUrided Fe-V alloys was preceeded by the formation 

of coherent discs on 
flOO] ferrite planes, although from 

the experimental evidence it was difficult to decide if the 

initial particles were solute-atom clusters or coherent 

vanadium nitride platelets. 
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Upon subsequent ageing, only evidence of the equilibrium 

precipitate was obtained. 

Previous work aimed at providing thermodynamic 

and precipitate identification data using alloys of 

0.5-5.0 at % substitutional solute. When such alloys 

are constant activity nitrided, high volume fractions 

of clusters or precipitates are produced, causing the 

material to become very hard and tensile test specimens 

invariably fracture before yeilding. Such properties 

are of limited use except where a high surface hardness 

and wear or abrasion resistance are required. 

The desire to channel the high specific strength 

of nitrided alloys to more practical applications led 

to a more detailed examination of dilute alloy ferrites, 

often containing as little as 0.1 at.; o substitutional 

solute. Previous research neglected the homogeneous prec- 

ipitation in such alloys and, therefore, further exper- 

imental data was required in order to enable a correlation 

of the mechanical properties with the associated micro- 

structures to be made. Consequently, a study of the 

homogeneous precipitation in dilute Fe -V and Fe-Nb 

alloys was initiatedl together with additional experiments 

on the effects of nitriding the higher alloys at low 

potentials, high tempratures and in the partially 

. Mcovexed state, in order to try and produce a more ductile 

structu. tA. ' 
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V1.2_ Homogeneous precipitation in Fe-V alloys 

Constant activity nitriding Fe-V alloys in the 

range 450 - 650 00 produces considerable hardness increments. 

With alloy contents >,, 0.52 aý-, ', V the ctructures are obocured by 

strain contrast; but the electron diffraction effects, 

continuous streaking in <100> directions, indicates the 

presence of disc-shaIL-a clusters or thin precipitates on 

'the ferrite. cube planes (Pope 1972). Only by nitriding 

these alloys at higher temperatures and at low nitrogen 

potentials does the structure become resolvable. 

Fig V1.1 shows a typical dispersion of platelets of 

40-120 nm diameter obtained after nitriding a Fe-'1.1 
0 

at.; o'V alloy at 700 C in 0.6 NH 99AH The plates 3 2* 
lie on 

flOO?,, 
planes and from electron diffraction 

patterns they can be identified as vanadium nitride. 

Nitriding a Fe-0.15 at. iLV alloy produces 

microstructures which are readily resolvable in the 

electron microscope. A typical bright field micrograph 

of this alloy nitrided at 575 00 in 5 NH3 : 95H2 for 

24 hours is shown in Fig V1.2a. Coherent particles 

of 1.5-5 nm diameter, with thickness of 0.5-2nm, are 

revealed by typical strain f ield contrast. The strained 

regions appear as dark lobes adjacent to the particles 

and are clearly visible when the thin foil is favou- 

rably orientated. Estimates of the particle-matrix 

misfit strain (6) for particles similar to those in 

Fig VI. 2 have been made by Stephenson (1974) using 

the method of Ashby & Brown (1963), and exceptionally 

high vaýues of 6(20-4WO) were obtained. 
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The extent of the strain fields observed in this alloy ex- 

plains why the structures of the higher vanadium alloys, nit- 

rided under similar conditions, were irresolvable (see Pope, 

1972); if higher volume fractions of particles are precipit- 

ated, the extensive strain fields will overlap and obscure 

any detail. 

Diffraction patterns of the nitrided Fe-0-15at. 0joV alloy 

exhibit continuous streaking in <1 OO)Lh-, e directions. The ori- 

gin of the streaking is discussed by Hirsch et al (1965) and 

Can arise from two sources: 

1. ) Thin precipitates or zones of different scattering 
Power to the matrix.. 

ii) Matrix distortion produced by zones or precipitates. 

Therefore, the origin of streaking is consistent with the ob- 

servation of thin platelets lying on C1 003,,, 4 matrix planes. 

The effect of nitriding at lower nitrogen potentials is 

to cause a slight coarsening of the microstructure. For 

example, particles of about 6nm diameter are obtained after 

nitriding in IM 3 : 99H2 at 5750C (see Fig. VI. 2(b)). This 

micrograph has a 
ý3ii'ý 

, orientatjIon and it can be seen that 

Some of the particles show a reversal of contrast due to 

changes in diffraction conditions occurring across the bend 

cOntours of the foil. 

The particles are visible as a result of matrix strain 
contrast arisinS from the elastic distortion of the matrix 
near the particle. This suggests that the fine platelets are 
coherent with the matrixg because both coherent GP zones and 
coherent precipitates produce similar images (Nicholson & 
IýUtting. 1958: Phillips & Livingstone 1963) 
The lobes are the coherency strain fields 
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around the zones or precipitate, and not the particle 

itself, which is invisible. 

Several other facets associated with the electron 

metallography of small', coherent particles are visible in 

Fig V1.2. The line of no contrast varies in direction 

from one contour to another, due to changes in diffraction 

conditions. Also, the . complete reversal of contrast is visible 

in Figure VI. 2(b) due to very small particles on either 

side of a th-Ickness extinction contour. The'appearance 

of unusually wide, assymmetrical images occurs from part- 

icles which are within about half an extinction distance 

of the foil surface. The sense of the assymmetry depends 

upon whether the particles are near the top or the bottom 

of the foil and is due to surface relaxation of. the strain 

field. 

Table V1.1 shows the nitrogen contents obtained 

after nitriding Fe-V alloys to saturation under various 

conditions. The NIV ratios have been calculated assuming 

that the ferrite is in equilibrium with the nitriding 

atmosphere and so excludes the matrix nitrogen. Some of 

the data for the higher alloys is taken from Pope (1972). 

The effect of nitriding the Fe-0.15 at. OjIoV alloy'in a 

constant potential (rý, 0.046 at. %) at varying tempe-ý 

ratures, is to increase the NIV ratio as the temp=ature 

increases, similary, increasing the nitrogen potential 

at constant temperature increases the N/V, ratio. 



TABLE VI. 1 

... ...... ....... . .... ........ 
NITROGEN CONCENTRATIONS OF NITRIDED Fe-V ALLOYS 

nitriding conditions at. % N 

at. 'Y. V %NH 3 temp 0C [N]c4 N Total N/V 

0.15 2.7 550 0.046 0.108 0.41 

0.15 11 . 
575 0.020 0.10 0.53 

0.15 2 575 0.046 0.156 0.73 

0.15 3 575 0.068 0.20 0.88 

0.15 5 575 0.122 0.31 1.25 

0.15 s. 5 650 0.046 0.172 0.84 

0.52 10 575 0.26 1.01 '1.44 

-1.08 10 575 0.26 1.65 1.29 

-1.08 0.6 700 0.046 1.08 0.96 
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These results can be explained in one of two possible ways: 

either , 
i) the particle composition varies with nitriding con- 

ditions; or 

the particles are of fixed composition and the pre- 

cipitate density increases with nitriding potential and 

temperature. 

Hahn (1949) has shown that vanadium nitride has a range 

of stoichiometry extending from VN 0-71 to VN,., * Thereforej 

at the lowest nitriding potentials the NIV ratios are less 

than those expected for VN precipitation, whereas nitriding 

at 575 0C in 511H 3: 95H2 produces a ratio of 1.25- Consequently, 

nitrogen in excess of that required to form equilibrium VN can 

be accommodated in the matrix. This phenomenon is typical 

of that f ound in the higher vanadium alloys nitrided at 

450 - 6500C (see Pope, 1972) and is frequently associated 

with homogeneous precipitation in Fe-X-N alloys. 

The excess nitrogen can be accounted for if a II/V ratio 

of >1 is present in the initial particlesq or if it is accom- 

modated in the extensive coherency strain fields around the 

-rim of each particle. Previous work by Pope (1972) showed 

-that in the higher vanadium alloys the extent of the strain 

fields was such that the structure was irresolvable. Also, 

matrix lattice parameter measurements were high, Indicating 

the presence of exceptionally high nitrogen concentrations in 

the matrix. Therefore, the presence of excess nitrogen cotdd 

support the arguement for the formation of solute atom cl usterst 
Possibly containing iron and having NIV ratios greater than one., 
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However, Podgurski & Knetchel (1969) have noted excess 

nitrogen in the Fe-Al-N systems whereA3_/N nucleates het- 

eiDgeneously on dislocations, generating fresh dislocations, 

as the particles coarsen. They suggest that part of the 

excess nitrogen can be accommodated at these dislocations 

and that the remainder is associated with the particle- 

matrix interface. Consequently, the presence of excess 

nitrogen does not necessarily support the arguement for 

the formation of solute atom clusters, since it can be 

accommodated equally well in the coherency strain fields, 

as trapped in dislocations around inchorent precipitates. 

Internal friction measurements (see chapterV) of 

Pe-X-N alloys confirms the absence of any nitrogen in 

normal Snoek'sites when small, coherent particles are 

precipitated. However, anamolous high temperature peaks 

arise and can be explained in terms of the excess nitrogen 

being in higher energy sites, i. e. in st; ýained areas of 

the matrix. Therefore, it appears that the excess nitrogen 

is trapped in the coherency strain fields around the first 

formed particles. 

The size and coherence of the particles'obs. crvedin 

the Fe-0.15 at. %V alloy could support the hypothesis-that 

they are truly in solution, the large-chemical interaction 

between vanadium and nitrogen in iron ensuring that the 

nitrogen potentials required for their formation are, lower 

than in other Fe-X systems. However, measurements. of. the 

yield strength increments (tee Chapter VII show that at* 

the higher nitriding potentials, the excess, nitrogen only, 

marginally contributes to the s'trengthening, aboveý', that,,, -- 

, expected from nitrogen in rancLom, solid solution,,, 
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Thereforej it appears that both the initial structure and 

volume fraction of the precipitated phase remains constant 

provided complete precipitation of vanadium occurs. Only at 

the lowest nitriding potentials does a decrease in strength 

occurp and this would be consistent with the low NIV ratios 

observed at these potentials. 

In any alloy system where homogeneous precipitation takes 

place, it is expected that a solvus exists below which pre- 

cipitation ceases. In the Fe-0-15at. ýW alloy this was. found 

after nitriding in INH 3 : 99H2 at 5500C. since no hardening 

developed during normal times. Electron metallography of the 

samples confirmed the absence of any precipitation. Above 

this solvus a high density of zones are formed, although there 

is a range of potentials where the precipitation of vanadium 

is incomplete. From Table VIA it is apparent that-the temp- 

erature plays a very important role in determining the solvus 

for homogeneous precipitation. At 550 0C precipitation is 

more difficult, due to the lower diffusivity of the substitu- 

tional atoms. 

Providing that nitriding occurs above the zone solvus, the 

initial P, "Xticles form after very short times. Por example, after 

nitriding a thin foil (O. Imm thick) for onlY 0.5 hrs at 5750C in 

5NH3: 95H2, clustering has commenced, the structure having a 

'modulated' type of appearance (see Fjg. vj. 3(a)-). Despite the 

short nitriding time, some very small Particles of OnlY 3= 

1ý 

cdameter are detectab: b. Subsequent ageing of this structure in 

vacuo for 16hrs at 575 0C causes the particles to become 

distincty (see Fig-VI. 3(b)). These observations confirm that Pro- 

vided the nitrogen is in the alloy, the particles continue to grot 

in an environment free of nitrogenj the in: Ltial clustered Part- 
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icles being relatively unstable. Prolonged nitriding under 

identical conditions to those used for this experiment pro- 

duces a microstructure similar to that shown in Fig, VI. 2(a), 

Estimates of the particle densities obtained after 

H 

nitriding for 0.5 hrs and vacuum ageing, and those after 

nitriding after 24 hrs both yield values of -, - 2x 10 17/cm3. 

Therefore, the prolonged nitriding does not increase the 

particle density. Consequently, the structure shown in 

Figure VI-3(a) must be the very earliest stage of homo- 

geneous precipitationg consisting of a clustering of vana- 

dium and nitrogen atoms. The result of further nitriding 

or vacuum ageing is the formation of discrete particles. 

It is relevant to note that no electron diffraction effects 

were associated with Pig. VI-3(a), whereas either continued 

nitriding or vacuum ageing causes continuous streaking in 

<100>,, e matrix directions. Measurements of the average 

particle diameter (see Table VI. 2) showthat increasing the 

nitrogen potential decreases the diameter, whereas increas- 

ing temperature'leads to an increase in diameter. These 

observations are consistent with those expected from a sys- 

tem producing homogeneous precipitation by a nucleation and 

growth process. The particle size increases with temperature 

due to the greater mobility of the atoms; whereas the size 

decreases with increasing solute content at constant temp- 

erature due to the greater supersaturation leading to a finer 

critical nucleus size. 



TABLE VI. 2 

VARIATION OF PARTICLE DIAMETER WITH NITRIDING CONDITIONS 

alloy 
iti 

nitriding conditions 
di t compos on 

at. % %NH 3 temp CT C 
ame er 

nm. 

0.15 V 11 575 6 

0.15 v 2 575 5 

0.15 V 5 575 4 

0.15 V 110 575 3.5max 

0.15 v 11 640 8 
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Estimations of the particle densities obtained after 

nitriding yield values of 10 16 2xi 017/cm3. These values 

are similar to those observed for GP zones in A17Cu alloys 

(Nicholson & Nutting, 1959) and indeed, the densities in 

the Fe-V-N alloys may be even higher because the size of 

the particles is such that they are at the resolution limits 

of the electron microscope. In some of the micrographsp 

faint images of very small particles are just discernable. 

Whilst investigating the nitriding kinetics of the highcr 

Is .V alloys, Pope (1972) observed that internal nitriding, 

theory was generally obeyed, although some deviation was 

evident in the lowest alloy (0-52at. %V). The Fe-0.15at. %V 

is found to nitride without the formation of a hard subscale 

and consequently, at this alloy contento internal nitriding 

theory is not obeyed. The behaviour can be explained in 

terms of the alloy content being so low that the reduced 

flux and low diffusivity of the substitutional atoms becomes 

rate controlling. Therefore, internal nitriding theory 

based upon nitrogen diffusion as the rate controlling factorl 

is no longer valid. Similar observations have been made in 

Fe-Cr alloys (Mortimer., 1971), when internal nitriding 

theory was, no longer obeyed in a Fe-i. 2at. O,, '(, Cr alloy. It 

appears that the larger V-N interaction causes deviation 

from internal nitriding behaviour to occur at much lower 

substitutional solute contents than in Fe-Cr alloys. 
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VI-3 Hydrogen reduction of Pe-V alloys 

The behaviour of nitrided alloys in hydrogen, i. e. in a 

denitriding environment, enables an assessment of the state 

of combination of nitrogen to be. made. For. example,. Unthank 

et. al. (1972) have shown that hydrogen reduction treatmenty 

at 5800C, of the initial clusters in a nitrided Fe-3at. %MO 

alloy completely removes the nitrogen after 200 hrs., 

suggesting that the Mo-N or Fe-Mo-11 clusters are less stable 

than MoN precipitates. Other nitrides, such as VN, might be 

expected to dissociate at a very alow rate and work by Pope 

(1972) on the high Fe-V alloys determined that hydrogen re- 

duction treatment only reduced the NIV ratios to unity, i. e. 

to that expected for VN formation. 

The effect of hydrogen reduction on the nitrided Fe-0.15 

at. %,, V alloy is summarised in Pig. VI-4, and is observed to 

be markedly dependent upon the initial nitriding potential. 

After nitriding at 5750C in 5NH3: 95H2 gas mixtures, to pro- 

duce 0.32at. %N and a'microstructure similar to that shown 

in Fig. VI. 2a hydrogen reduction treatment at 5750C removes 

all but a trace of the nitrogen after 176 hrs. Initially 

the rate of removal is rapid, but it continually decreases 

after about 20 hrs. Electron metallography of the reduced 

samples confirmed that the initial particles were completely 

dissolved. By contrast, the hydrogen reduction of the same 

alloy nitrided in 2NH 3 : 98H2 at 575 0C doeB not remove all of 

the nitrogen. Although the nitrogen is removed fairly 
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rapidly at first, the rate of removal slows down and be- 

comes insignificant after 40 hrs. Up to this time, the 

loss of nitrogen is the same as that which was in equili- 

brium with the ferrite matrix. 

For the purpose of comparison, the behaviour of samples 

nitrided in 21TH 3 : 98H 2 at 5750C and subsequently vacuum aged 

at 750 0C for 24 hrs,., to produce VN plates of 18nm diameter, 

is shown. The behaviour is observed to be similar to that 

of the as-nitrided alloy, suggesting that the-initial par- 

ticles of 5nm diameter are of the same stability as VIT 

plates of 18nm diameter. After nitriding in 21T11 3 : 98H2 at 

575 0C there is 0.156at. cifl-i present in the alloy, 0.046% of 

which is in equilibrium with the nitriding atmosphere. Thia 

leaves 0.11at. %N available for precipitation. After hydro- 

gen reduction for 200 hrs., an average of 0.086at. 1j711 remains 

in the samples. If one assumes that, initially, all the 

vanadium is not precipitated, which seems probable at 1071 

nitriding potentials, and that a NIV ratio of unity exists 

in the initial particles, then the'll/V ratio decreases to 

0.78 after prolonged reduction. This value is still within 

the range of stoichiometry of V14 as calculated by Hahn 

(1949). Therefore, the particles formed at 5750C in 2NH 3: 
98H 2 could be coherent VII plates. When all the particles 

were reducedv their initial size was about 3.5nm diameter. 

Therefore, these particles, either through their size or 

composition, are less stable than those of 5nm diameter. 
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Purther experiments confirmed these observations, be- 

cause after nitriding in 11TH 3 : 99H2 at both 575 and 6400C to 

precipitate larger particles, the particles were not re- 

duced. Typical micrographs of specimens which have been 

hydrogen reduced after nitriding in these conditions are 

shown in Fig. VI. 5. No appreciable differences in particle 

size are observed compared to the as-nitrided alloys, 

A qualitative explanation of the hydrogen reduction 

behaviour can be invoked using the observed NIV ratios. 

When the particles dissolveg they are unstable because the 

NIV ratio is >1. The higher nitrogen potential required 

to produce excess nitrogen makes more nitrogen available for 

precipitation and therefore, allows more to be chemically 

bound to vanadium. Consequently, smaller clusters are form- 

ed,, richer in nitrogen, and so they are relatively unstable. 

At lovier potentials, the structure is more stable as a res- 

ult of each individual nitrogen atom being more tightly 

bound to vanadium. In fact, a ratio of 1: 1 is observed and 

so the particles could be coherent VN plates, which would 

explain why they are not reduced at 575 0 CO 

Although Unthank et al (1972) found that the initial 

zones in Pe-3at. %oMo were completely reduced at 530 0 C, leav- 

ing only molybdenum rich zones, Brenner and Goodman 0971) 

could only remove 0.4at. ',, %N from a similar microstructure at 

500 0 C. The difference in behaviour can be explained as being 

due to'the lower stability of the zones at 580 0C and the 

consequent increase in the rate of nitrogen removal. This 
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behaviour is comparable to that observed in the Fe-0-15 

at. %V alloy, where the particles are unstable and are rapidly 

removed when they are less than 3-5nm in diameter. 

VI -4 
Homopeneops precipitation in Fe-Fb allqjs 

Three Pe-Nb alloys containing 0.1.0,31 and 0.6 at. ýVb 

respectively, have been nitrided at various temperatures and 

nitrogen potentials. Nitriding at temperatures below 6.500C 

results in the homogeneous precipitation of emally coherent 

particles. Fig. V1.6 shows the microstructures developed 

after nitriding the Q. 1 and 0.6 at. Fclib, alloys at 5500C in 

INH 3 : 99H2 and 2PH 3 ; 98H2 gas mixtures respectively. In the 

low alloy easily resolvables coherent particles of 3-6nm 

diameter are precipitatedt whereas detail is obscured due to 

the high density of particles in the highei3t alloy. As in 

the Fe-V alloys continuous streaking is observed on electron 

diffraction patterns, despite the low volume fraction of Sol- 

ute, confirMing the presence of thin zones or precipitates.: 

on the C1 003,,,, planes. 

Table VI-3 summarises the weight increases obtained 

after nitriding the three alloys in the various conditions. 

The higher niobium alloy nitrided in low potentials at 550 0c 

is not fully nitrided even after 48 hrs. Prior to nitriding, 

the Fe-0.6at. FNb alloy contains particles of Fe2Nb which 

under these conditions, transform to )ý-NbN (see Roberts, 

1970). An estimated 0.3at. liMb remains in solid solutioA to 
qr 



TABLE VI. 3 
.......... 

WEIGHT INCREASES OF NIOBIUM ALLOYS AFTER NITRIDING (AT. %N) 

nitriding conditions Niobium at. % 

NH 3 :H2 
temp 0C UNL 

. 
0.. 10. 0... 3.1 

... ... 
0.6.0 

0.5: 99.5 550 0.008 0.06 0.10 0.32 

1. -99 550 0.016 0.068 0.21 0.46 

2: 98 550 0.034 0.09 0.212 0.69 

2.7: 97.3 550 0.046 0.126 - 

2: 98 575 0.046 0.12 0.312 - 

0.9: 991 650 0.046 0.14 0.352 0.72 

0.6: 99.4 700 0.046 0.132 0.325 0.67 

5: 95 575 0.122 0.312 - - 
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be homogeneously precipitated. As with Fe-V-11 alloys the 

14/11b ratios vary considerably with nitriding potential. 

For example, after subtracting the nitrogen in equilibrium 

with the nitriding atmosphere, Y/Y. b ratios varying from 

1 :2 (in INH 3: 99F'2 at 5500C) to 2: 1 (in 51, -, 113: 98H2 at 5750C) 

are obtained for the O. ICat., /'iYb alloy. At the lower poten- 

tials it appears that all the niobium is not precipitatedp 

whereas at the higher potential a large excess of nitrogen 
is accommodated in the etrained rC-;. -Wrix. * Intermediate pot- 

entials give varyin& F/Eb ratios, the general trend being in 

accordance with a simple zone model, since the ratios inc- 

rease with increasing nitridinE potential. I; itridinZ. at 

temperatures above 650 0C yields ratios close to that expected 

for EbN forniation. 

An alternative explanation of the variable F/L-b ratios 

is that the initial particles have a range of composition 

and contain an unknown amount of iron. For example, if all 

the niobium is-precipitated at the lowest nitriding potential, 

then the 
-initial particles r-ust have a composition close to 

(Fe llb)ll. 

In an attempt to obtain more detailed information about 

the nature'of the initial particles, samples of the 2-e-0.1 

0 at.; ZIb alloy nitrided at 550 C in IFH 3 : 99H 2 have been exam- 

ined in the field ion Microscope. In the field ion micro- 

scope, particles of refractory nitrides are observed as 

regions of bright contrast. This is due to the particles 
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having a higher evapcration field than the matrix and there- 

fore, a lower radius of curvature at a given volta-e. By 
t_ 

adjusting the voltage, either the matrix or particles dan be ts 

brought to the bcst imaging conditions. Fig. VI-7 shows a 

typical micrograph obtained after imaging with ncon whilst 

ccoling the tip in liquid helium (200K). The image diameter 

is about 100nm. The particles are fairly difficult to image 

because of the very low volume fraction and small size. 

However, zones of about 3- 6nm diameter appear, in the 

form of bright arcss as discs on flOOL 
. The zor. es are much 

smaller than those observed in the Fe-Lo-E system (see Fi&. 

11.9) and are not as clearly imaged. Also, a relatively 

large number of bri, -, ht spots are visible., which could be 

either individual or smaller aggre8ates of niobium atoms in 

solid solution. A rough estimate is that 50i. ý of the niobium 

is in solid solution. The nitrogen content of the alloy# 

0.068at. ý;, is such that*the Fb/V ratio is 2: 1. Therefore, 

as much as half of the niobium atoms could remain in solu- 

tion after nitriding at low potentials. These tentative 

findings could be interpreted *as being due to the formation 

of a zone of fixed composition, and would explain the relat- 

ively low density of zones (ýý Ix, 016/cm3) observed 
. in the ' 

electron microscope after nitriding in lo,. -., potentials (see 

Fig. VI. 6(a)). 

Nitriding Fe-bIb alloys at higher temperatures results in 

.,..,. the rapid overageing of particles and precipitation of 

Y-NbN, occurs. Fig. VI. 8 shows the microstructures obtained 
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Fig. VI. 8 
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after nitriding th-e 0.1 and 0.31 at. jýNib alloys at 700 0C in 

Mra- 3 : 99.4H2. In the low alloy, homogen eous nucleation 

of the equilibrium phase occurs, the particle's showing 

displacement fringe contrast due to the foil orientation. 

Fig. -VI. 
8(b) showe the effect of nitriding the higher alloy 

-in the partially recovered state. FlonoCenecus precipitati0ja 

occurs in parts of the matrix but noticeable precipitate 

free zones are observed near the dislocation sub-boundaries. 

This behaviour is typical of that expected during nitriding 

partially recovered alloys at high temperatures. 

Heterogeneous precipitation of nitrides is observed on 

dislocations at high tepperatures, since the elastically 

distorted regions of the dislocation act as preferential 

nucleation sites. Niobium atoms are large (151co greater than 

iron) and so segregation to a dislocation leads to a lovier- 

ing of the elastic strain energy, 

VI. 5 ITig! h teml2erature ap_einpr 

Overageing of Fe-X-N alloys occurs extremely slowly at 

temperatures below 650 OC and so high temperature ageing i's 

necessary to coarsen the initial particles and obtain the 

equilibrium Precipitate. The response to ageing of the 

Fe-0-15at. %V alloy is shown in Fig. VI. 9(a). The data shows 
that ageing is slow even at 700 0 C. Prolonged ageing produces 

a coarser distributiojý of plates, the diameter of which grows 

as a funck'Oion of the square root of ageing time. The part- 

icles can be identified as VN at about 12Am. diameter and the 
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equlibrium phase precipitates with the Baker-Eutting (1959) 

orientation relationship: 

(001)all (00')VN ; 110 OL // D 101 VN 

In this way, the misfit in'the plane of the disc is small 

whereas there is a considerable expansion of the fer- 

rite at the edge interface (m40VP misfit). Before discrete 

VIT spots can be identified on electron diffraction patterns# 

streaking in <100; ý( is observed with intensity maxima close 

to the positions expected for VN reflections. 

Prom the results of the high temperature ageingt it is 
C) 

possible to calculate an activation energy for the rate 

controllinýZ process. The growth rate of particles follows a 

typical Arrhenius type equation: - 

kA exp (-Q/RT) 006a0*00 (Vill 

therefore, plotting the logarithm of the grouth rate against 

the reciprocal of ageing temperature leads to a straight 

line relationship, from which Q can be calculated. Fig., VI. 

9(b) shows the results obtained from the high temperature 

-V ageing of the nitrided Fe-0-15at., O(ý alloy. From the slope 

of the graph, the activation energy for particle grovith is 

found to be 66.5 t 9.2k cals. 

The activation energy for diffusion of vanadium in i-ron 

has been determined by Bowen and Leak (1970) using radiotracer 
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ý I, 
-ý. ! ý. --_ ---, . 

tecbniques. Values of from 56 to 58 k. cals were obtained., 

depending upon the vanadium content, the energy increasing 

as the solute content decreased. From the trend of these 

results, slightly higher values would be expected for vana- 

dium diffusion in a Fe-0-15at. %V alloy. Therefore, the 

activation. energies for particle growth and for vanadium 

diffusion are similar)confirming that vanadium diffusion is 

the rate controlling process for particle growth. 

Electron micrographs of the structures observed at 

various stages of high temperature ageing are shown in Fig. 

VIAO. The particles in Fig. VIAO(a) are about 12-5zim dia- 

meter and are at the stage where they can be identifiedp 

from electron diffraction patterns, as VN. Howevert some of 

the smaller particles are still coherent at this stage. 
0 Raising the ageing temperature to 800 C results in rapid 

overageing of the particles; for example, after 4 hrs., in- 

coherent VN plates of 50nm diameter are obtained. Inter- 

facial dislocations, which form at the particle-matrix inter- 

-face., can be seen around the plates which are favourably 

orientated 
, 

(see Fig VI 4.10 
(b)) 

When particles of a second phase exist in saturated solid 

solution there is a tendancy for the smaller particles to 

dissolve., and larger ones grow, by the transfer of solute 

atoms through the solvent. The driving force for coarsening 

is derived from the consequent reduction in total interfacial 

energy. 1111il-st specimens of the Pe-0-15at. ýW alloy were aged 
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i 

at 7500C, studies of the variation of size, distribution 

and character of the second phase particles have been made 
(see Stephenson, 1974). Estimates of the particie-matrix 

misfit strain (6) for the zones were made using the method 

of Ashby &, Brown (1963); only symmetrical images at the 

exPctBragg condition were examined using 
[2001 

reflections. 

A general trend was detectable (see Fig. VI. 11). where the 

as-nitrided specimens, containing particles-of 3-5nm diametert 

give exceptionally high values of 6 (20-40%). The strain 

decreases rapidly as the zones coarsen (5-10% for zones of 

10nm diameter) and it is at sizes just beyond this that the 

equilibrium precipitate can. be identified. 

VI. 6 Discussion 

Previous research at 'Newcastle has established the gen- 

eral conditions under which a precipitation sequence of the 

orm: 

mixed clusters on 
f! 00?,, planes 

one or more metastable -, equilibrium 

intermediate, 'precipi ta tes -4 
lxc ecipitat e 

occurs in nitrided Pe-X alloys. These ard: 

the alloying element must reduce fX in iron. This 

allows a high nitrogen concentration to be obtained after 
short times and therefore, enables rapid zone formation. 

By contrast, pqn-- formation is never observed in Fe-Si alloys 
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since silicon reduces the nitrogen solubility for a given 

nitrogen potential (Roberts, 1970). 

ii) A critical nitrogen potential and substitutional 

solute activity raust be exceeded, indicating the existance 

of a zone colvus. I 
iii) The interstitial solute atom supersaturation must 

be maintained by constant activity nitriding in the temp- 

erature range 450-650 0 C; for, although the clusters are 

less stable than the equilibrium precipitate, they form 

much more rapidly. This is because only very limited dif- 

fusion of the substitutional atoms is required. 

Precipitation sequences of this type have been observed 

in Fe-IJo-N (Speirs, 1969), Fe-Nb-TIT (Roberts, 1970) and Fe- 

VI-N (Stephenson, 1974) alloys. However, nitriding Fe-Cr-N 

(Mortimer, 1971) and Fe-Mn-N (JoImsson-Holmquist, 1971) al- 

loys failed to give direct evidence of mixed clusters. 

Observations by Pope (1972) determined that the behaviour 

of Fe-V-11 alloys fell in between these two extremes. 

Accurate lattice parameter measurements showed that the sol- 

ute atoms occupied the same sites as in random ferrite. 

Exceasnitrogen was observed during nitriding, although this 

could have been accommodated as easily in the strained 

ma trix around coherent VN plates as around zones. Con- 

tinuous ordering is thought to occur in most systems under 

appropriate conditions and the observation of intermediate 

precipitates in some systems and not others, is a direct 
. 

consequence of this ageing process. 
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Por example, 'in Pe-V-N,, Pc-Cr-N and Fe-Ti-N alloys the 

equilibrium precipitate is f. c. c., and is related to fer- 

rite by the Baker-Nuttinj (1959) orientation relationships 

with a small misfit (--2%) in the plane of'the precipitate 

and a very large misf it Wy% for VN) perpendicular to the 

disc. The matrix is expanded to accommodate the precipitate, 

and consequently, large coherency strains are generated. 

Such precipitates are expected to lose coherency when still 

very small, and indeedg Driver (1971) has shown by field ion 

microscopy, that Moo, a f. c. c. nitride of similar size to 

VN, has lost coherency in [001],, when 1.5-2nm thick* 

The formation of an equiiibrium alloy nitride precipitate 

with the Baker-Nutting relationship in ferrite, is the re- 

sult of complete ordering of the solutes on 
C2003ce 

planes. 
Consequently, identifiable equilibrium precipitates are not 

expectea in Fe-V-N, Fe-Cr-N ana Fe-Ti. -N alloys. Roberts 

(1970) showed that the equilibrium precipitate in Pe-ITb-N 

alloys was Y-ITbIT. The unit cell dimensions U-=4-39A) are 
0 

appreciably greater than VN and so the lattice mismatch with 

ferrite is about 7.5% in the plane of the disc. The signif- 

icance of this is indicated by the needle like morphology of 
large precipitates (4-- 300nm)., and it is 'probable that the , 

large misfit gives rise to the intermediate Drecipitate of 
body centred tetragonal structure. 

Nitriding dilute Fe-V and, Fe-Nb alloys enables several 

modifications to be made to the general principles of ho mo- 
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geneous precipitation in Fe-X-N alloys. It is evident that 

high nitrogen contents and substitutional levels are not 

essential to enable homogeneous precipitation to occur. 

Unlike in Fe-Mo alloys, precipitation occurs at 1-aw nitrogen 

potentials and can be attributed to the much larger sub- 

stitutional-interstitial interactions. In Fe-Mo alloys the 

existence of a zone solvun was determined by Driver (1972). 

A similar solvus is found in the low Fe-V and Fe-ITh alloysq 

although it occurs at very low nitrogen potentials. ' It is 

also apparent that a range of nitriding potentials exists 

during which the amoqnt of substitutional solute precipitated 

varies. 

Electron metallography of the nitrided dilute alloysp 

reveals a homogeneous distribution of small, coherent part- 

icles. From the-, micrographsp images of the strain fields 

around coherent particles as small as 2nm diameter and 0.5nm 

thick can be resolved. Therdfore, transmission electron 

metallography is more sensitive than would appear from the 

dynamical theory of Ashby & Bro%rn (1963), who conclude that 

particles of less than 5nm diameter are invisible. A rea- 

son for this discrepancy could result from the high matrix 

strain (20-40%) produced by the particles. Electron dif- 

fraction patterns exhibit continuous streaking in -<100>,, _' 0 
despite the low volume fraction of solutev and consequently, 

confirm that the particles are very thin, possibly only two 

or three atom planes thick. These observations would sup, 

port the theory that the initial particles are substitutioral 

-interstitial solute atom clusters. 
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The simPlest zone model is one in which the initial 

particles are considered to be a second phase of fixed 

composition. The weight increases obtained upon nitriding 

consist of nitrogen in zones plus the nitrogen in solution 

which is in equilibrium with the gas mixture. The effect 

of varying the nitrogen potential should be to increase the 

volume fraction of zones (because of the X-11 solubility pro- 

duct) and to refine the structure (because of the effect on 

nucleation ana coarsening). Both these phenomena are con- 

sistent with the observations made during the nitriding of 

dilute Pe-, V and Pe-ITh alloys. 

The structures produced are resolvable as discrete co- 

herent particles after nitriding to saturation, although 

after very short times a type of modulated structure exists 

(see Fig. VI-3). With higher alloy contents, it would 

aR= that some similarity in structure exists between what 

can be referred to as a 'modulated' structure and to one 

containing a high dispersion of very small coherent particles 
(see Pig. VI. 6 (c) ). A similar structure is observed in a nit- 

rided Pe-0.65at. %Ti alloy (see Pig. V. 2). 

A coherent interface has an atomic arrangement common to 

both crystal structures, regardless of the type of atoms in 

the interface. The lattice misfit strain in accommodated by 

long range stresses. As the interface grows, the tots: l 

strain energy must be reduced by the introduction of a dis-. 
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location, whereupon the long range stresses decrease. The 

loss of coherency occurs either as a result of a dislocation 

from the matrix being swept into the interface, or from the 

prismatic punching of dislocation loops by the precipitate. 

The simplest geometric criterion for loss of coherency 

is that attributed to Brooks (1952). A particle of inter- 

face length At and misfit k 
will be coherent if: 

(VI). 2 

This is actually an underestimate of the critical size in 

most cases, because of the difficulty of nucleating inter- 

face dislocations. Values for the loss of coherency of VIT 

in ferrite using this model are 0.6nm in the plane perpen- 

dicular to the disc (large misfit) and 12-5nm in the plant 

of the disc. An electron metallographic method to determine 

when an interface becomes incoherent, is to use matrix 

strain field contrast to obtain values'of the matrix strain 

(6). When an interface becomes incoherent, by the creation 

of n dislocations of Burgers vector, 22, the'value of 6 

measured in a direction parallel to b will be reduced to 

6 where 

FS n QI) (VI), 3 
ro 

and when the particles become incoherent 

,a1 ---> r 
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Therefore, plots of C against ro should give a sharp 

drop when coherency is lost. However, since this assumes 

isotropic loss, which is extremely unlikely in the present 

instance, a more gradual decrease is expected. Values for 

the Fe-V-N system containing small, coherent particles have 

been made by Stephenson (1974), and are shown in Fig. VI. li* 

Possible sources of error in the measurements are numerous 

and include both the theoretical treatment, which assumes 

elastic isotropy and ignores the shear stresses at the 

particle-matrix interface, and the necessary estimation of 

the zone thickness when the particles are too small to 

measure accurately. Both these errors are most significant 

for small zones of 3-5nm diameter,. yet despite thisp a gen- 

eral trend, is evident. The initial values are considerably 

in excess of those predicted by Weatherley (1968) for the 

energetically favourableproduction of Prismatic loops 

101%). However, the eventual stress relaxation pro- 

cess does not occur by mattix dislocation formationp but by 

internal loop formation (a lowering of the precipitate vol- 

ume), and is similar to that observed in other systems having 

disc-shaped precipitates (Weatherley & Nicholson, 1968; 

Mitchell., 1971 ). 

The rapid decrease in 6 with small increases in zone 

diameter confirms the relative instability of high strains. 

The me6hanism by which. 6 is lowered in the size range 5-10nm 

is not apparent, but no dislocations are observed in the 

matrix or in the particles (intrinsic loops). A possibl e 

reason would be a change in the zone composition during, 
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coarsening at 750 0 C. involving either rejection of nitrogen, 

or by the introduction of vacancies (both of which would 

allow the zone to relax). When the particles grow to about 

12nm diameter, electron diffraction patterns show discrete 

VN reflections and the particles begin to show evidence of 

internal vacancy loops. Therefore, the initially formed 

fully coherent zones grow to incoherent VN at sizes similar 

to those expected from the calculated method of Brooks (1952)* 

In the Fe-0.15at. ToV and Fe-O. lat.. ', 'oNb alloys the 1T/X 

solubility product is low atlov ntriding -. potentials, the NIX 

ratio being only 1: 2. In higher potentials values of at 

least 1: 1 are obtained. Therefore, at low nitriding Poten- 

tials some of the substitutional solute remains in solid sol- 

4tion. Por example, after nitriding the Fe-0.1at. %Nb alloy 

at 55000 in INH3: 99H2 , as many as half of the niobium atoms 

could be left in solid solution, a fact which is substant- 

iated by field ion metallography. Electron metallography 

, Bhovis a slight refinement in microstructure after nitriding 

at higher potentials and this is accompanied by an increased 

volume fraction of precipitated phase. Although the exist- 

ance of a zone solvus is evident, it appears that the zone 

composition is fixed and there is a range of nitrogen poten- 
tials through which the volume fraction of precipitated phase 

increases. 

The solute content of zones cannot be determined unam. -- 
biguously by electron metallography because the proportion 
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of solute remaining in the matrix is unknovm. Further 

difficulties arise because of the small particle sizes ob- 

served in Fe-X-11 alloys (e. g. 3nm diameter by Inm thick, see 

Figure VI. 2). At such. small sizes the re-oresentation of the 

initial particle depends upon a definition as to where it 

starts and finishes; a monolayer of VIT could be described as 

a. coherent Fe-V-N cluster if one slightly enlarges the 

boundaries of reference.. 

The shape of precipitated particles depends upon the 

TnUO of atomic sizes of solute and solvent. If there is 

little mismatch, for example copper in iron, spheres are 

formed (Hornbogen, 1964); whereas if differences occur (e. g. 

f. c,, o. nitrides in iron), plates are formed. The governing 

factor is that the interfacial energy is kept to a minimum. 

Therefore, in systems of the Pe-X-N type, the precipitation 

of discs is favoured in order to minimise the strain energy; 

despite them having a high surface area to volume ratio and 

being unfavourable from the surface energy viewpoiftt. 

The influence of nitrogen potential on nucleation freq: - 

uency is characterised in the present low alloys. The par- 

ticle size increases with temperature and decreases with 

Jnmasing solute concentration at constant temperature, due 

to the greater supersaturation, leading to a finer critical 

nucleus size. At higher temperatures diffusion rates are 

faster and the nucleation of more stable, larger precipitatep 

occurs, 
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Although there have been numerous investigations into 

precipitate formation in alloy steels, the exact nature of 

the initial precipitation stage is poorly d6fined. This is 

partly due to the difficulties involved when studying pre- 

cipitation in a complex matrix, where the driving force for 

precipitation is continually changing as the solute is 

depletod. Stephenson et al (1964) found that the strength 

increases in Mn-V-11 steels were due to the precipitation of 

very fine VN platelets on . planes. The platelets 
1100? 

were 10-40nm diameter by 2-9nm thick and some of them were 

coherent with the matrix. Phillips and Seybolt (1968) ob- 

served fine particle formation in a number of binary iron 

alloys containing 1% A19 Cr, Mn, Mo, Si. T or V as the sub- 
0 stitutional solute. After ion nitriding at 550 - 600 C 

hardening was found in all except the molybdenum and mangaý- 

nese alloys. AlNq oe-Si 3N4 and CeIT were identified as coarse 

nitrides, whilst in the vanadium and titanium alloys fine 

clusters, which could no t'be. 'une quiv oc ally identified, were 

observed. 

The precipitation of small nitrides and carbides has been 

detected by numerous investigators in quenched anI tempered 

steels. Tekin and Kelly (1965) observed that during the sec- 

ondary hardening of pure Pe-V-C alloys, V C_ precipitated 45 
either on dislocations or as coherent particles on (100?, 

planes. Prom the experimental evidence, the exact, mode,, O, f V4C3 

precipitation was not apparent, 13arlier work by Smith Nutting 
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(1957). using electron metallography, showed that the ini- 

tial particles were coherent and they proposed that the 

phase may have been Dreceeded by the formation of GP zones. 

Irani and Honeycombe (1963) have claimed that spherical 

zones, rich in vanadium, form initially; however, other 

inws-tLrators have noticed that in the early stages, the pre- 

cipitate is 'cloud-like' or tnebulous' (Pickering, 1957; 

Seal & Honeycombe, 1958). Subsequently, Smith (1966) obser- 

ved that the peak hardness in a secondary hardened Pc-Jv-rt. ý*'V- 

0.2vjt. %C alloy vias associated with a coherent precipitate 

only a few unit cells thick and of 10nm diameter. 

Objections to the possible formation of zones in second=-y 

hardened Pe - V-0, alloys have been made by Tekin & Kelly 

(1965) on the grounds that: - 
(i) vanadium has a high solubility in iron (20% at 5000C)i 

and thereforet in low alloys (! zýl%) there is no driving force 

to foria zones, 
(ii) if the carbon atoms are in solution and not pre- 

cipitateds then# by virtue of their high mobility at the 

temperatures concerned and their strong interaction with 

vanadium, they would be expected to diffuse rapidly to an 

embryo zone and f orm VC3 

Obviously such an argument could be applied: to Pe-X-N 

alloys. However, the initial particles in nitrided Pe-X - 
alloys can be very small and they are coherent with the matrix. 
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Although the zones could be coherent precipitates in 

Fe-V-11 alloys, the presence of a pre-precipitation stage is 

apparent. In other alloy systems, where there is a lower 

X-N interaction, the existence of precipitation stages prior 

to the formation of the equilibrium alloy nitride are more 

evident *- 

Vanadium and niobium are two of the most common additions 

to high strength low alloy steels. After continuous cooling 

or controlled rolling of these materials, the precipitation 

of small particles is. evident. Early work by 'I'Jorrison (1963) 

using transmission electron microscopyt observed a fine 

precipitate in steels containing small niobium additions 

(n: 0.01%). The precipitate was thought to be cohere4tq a 

fact which would be substantiated by the fact that he could 

not extract any precipitate. More recently, Suzuki et al 

(1970) have observed-coherent V4P3 in continuous cooled 

steels, whereas Lambert et al (1970) observed V(CIT) precipi- 

tates of 3-10nm diameter and in densities of 10 16/CM3 in 

isothermally transformed steels. 

During transformation, the precipitates form as sheets 

(interphase Precipitation) parallel to the former oe/Y 

boundary and under certain conditions, they can be small and 

coherent. Interphase precipitation has been studied by * 

numerous investigatorsq. (Davenport et al, 1968; Gray and Yeo, 

1968; Tanino & Aoki, 1968; Woodhead & Webster, 1969; Preeman, 

1971; Sutton & Nyhiteman, 1971; Baker, 1973(a)(b)). Howevert 

there is considerable debate as to'the exact mechanism-by, ', 
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which the particles form and grow. Suzilki & Tanino (1972) 

claim that dislocation trails act as the nucleating site, 

whereas most investigators suggest that the particles nuc- 

leate heterogeneously dt the o<. /Y interface during trans- 

formation, due to the lower solubility in ol- than in *'ý iron. 

An alternative explanation has been proposed by Baker (1973 

b-), who advocates that the Ylod transformation causes a 

supersaturation of vanadium, carbon and nitrogen atoms at 

tho interfaceg but nuclei are not formed until the interface 

has passed. In this way, homogeneous precipitation occurs 

and explains how a high density (, - 101 
6/cm3) 

of coherent 

particles form, which give rise t6 diffraction streaking. 

In many of these investigations, the particles which 

form are small (< 10nm diameter) and show the contrast effects 

expected from coherent particles. Although larger particles 

will nucleate heterogeneously,. it is difficult to under- 

stand how high densities of small particles can do so. 

Several aspects of the results obtained fro, -, i homogeneous 

precipitation studies in Fe-V alloys are comparable to the 

effects observed in Fe-Ti alloys by Kirkwood et al (1974). 

The high hardness in nitrided Fe-Ti alloys was associated 

with the tetragonal distortion of the ferrite matrix pro- 
duced by nitrogen and by the coherency strains between the 

matrix and thin plates precipitated on [100?, 
planes. After 

annealinz at 8500C, softening occurred and TO plates, 'were, - 
identified. Prom X-ray studies the matrix 'Nvas observed. I to 
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be in great distortion and so-it was impossible to deter- 

mine if the initial plates were TO or GP zones. More 

xeccnt work by Kirkwood & Thomas 0976) using electron metal- 

lography to study the microstructure of a nitrided Fe-0.3at. 

%Ti alloy, could not detect any precipitate in as-nitrided 

dloyScontaining 3nm diameter particles. However, after 

ageing for i hr. at 8000C, diffraction streaks showed 

ir: L, nsity maxima dlose to the positions where TiN spots would 

be expected. Measurements of the strain fields around_co- 

herent particles gave'very large C values (45%) which were 

interpreted as being due to the precipitation of coherent 

TiN. 

Although X-ray measurements show lattice parameter 

increases and continuous, streaking is obs. erved on electro n dif- 

fraction patterns, neither technique is sufficiently power- 

ful to detect any precipitate at such small sizest (, "-3nm 

diameter), as are obtained after nitriding Fe-X alloys. 

More detailed information about the initial structure of 

such small particles necessitates the use of atom probe 

field ion metallography. 

A recent study by Dunlop & Turner (1975), using atom 

probe field ion metallography, of mixed V-Ti carbides in a 

low Alloy steel showed that the initial particles contained 

some iron, which was rejected upon long term ageing. 

Particles of about 2nm diameter and four or five atom layers 

thick were imaged. However, the particles could be identi- 

fied as precipitated carbides by using dark field electron 
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metallography. The field ion metallography of a Pe-3at, %Mo 

alloy (Driver and Papazian, 1973) has given evidence of 

mixed cluster formation in Pe-Mo-N alloys, the clusters pos- 

sibly having a composition of FelOU002' Similar obnerva- 

tions by Brenner & Goodman (1971) on the mechanism of nitride 

formation in Fe-3at. %Ifo after nitriding at 4800C, have deter- 

mined a composition of Fe 3 MO 3 IT from the atom probe spectrimn. 

Therefore, there is substantial evidence to suggest 

that mixed clusters are formed in Pe-X-N alloys during the 

initial stages of particle formation. Obviously, the compo- 

sition of the initial clusters, the size when they become 

stable particles, and whether they form an intermpdiate pre- 

cipitate on subsequent ageing, will depena on numerous 

variablesp including: - 

i) the interaction between the particular substitutional 

0 

solute and nitrogen 

ii) the substitutional solute content 

iii) t. he nitriding time, temperature and potential 

iv) the structure of the equilibrium precipitate. 

More detailed information about the initial clustering pro- 

cess will necessitate the use of resistivity measurements 

and atom Drobe field ion metallography in any future invest- 

igations. 

VI-7 Conclus16nn 

a) In dilute Pe-V and Pe-Nb alloys, homogeneous pre- 

cipitation of coherent particles occurs on the ferrite 6003 
planes. The first formed particles-are thin discs of only 
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3nm, diameter and two or three atom planes thielmoss. 

b) Despite the low volume fraction of solute, a high 

density of particles forms (10 16_ 2xlOI7/cm3) which cause 

continuous streaking on electron diffraction patterns in 

i oo>ce . 
c) The NIV and NINb ratios vary depending upon the 

nitriding potential and temperature. At lovi potentials it 

appears that some of the substitutional solute remains in 

solid solution, whereas at higher potentials excess nitro- 

gen is accommodated in the strained matrix. 

d) Pield ion metallography of the Pe-O. lat. %ITb alloys 

confirms that some niobium is left in solid solution after 

nitriding at low potentials9 and that the chape and pize of 

the zones are the same as those determined by electron metal- 

lography. 

e) The Darticles grow-as a function of the square root 

of ageing time and lose coherency at about 12nm diameter. 

The rate controlling step for particle growth is diffusion 

of the substitutional solute. 

f) Hydrogen reduction behaviour of the Fe-0.15at. %V 

alloy depends upon the initial particle size, particles of 
K3.5nm diameter being completely reduced. 
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Chapter VII 

MIECHANICAL PROPZJRTIES OP Fe-X-V ALLOYS 

VIIA Introduction 

The mechanism of hardening steel by the precipitation 

of iron nitrides and carbides in a small dispersed form, 

has been used extensively in the quench and tempered and 

strain aged conditions. Recently, the combined additions 

of nitrogen and a cub. -stitutional solute, (often vanadium or 

niobium), have been found to. improve the properties of a 

wide range of commercial steels in both the as rolled and 

the quench and tempered conditions. The strength increases 

are associated with fine scale precipitation of either nit- 

rides, carbides or mixed carbo-nitride phases. However, 

the exact iiature of the strengtheninE; mechanism and the 

initial precipitation stages are not well defined, due to 

the problems of working in a complex matrix where the pre- 

cipitate stability and size are continuously changing. 

These problems have been avoided. in the present investigation 

by constant activity nitriding pure Pe-X alloys, under con- 

ditions where the structures are stable, and in a fully 

annealed matrix. 

When alloy ferrites are nitrided to produce high volume 

fractions of zones or precipitates they become very hard and' 

brittle, invariably fracturing before yielding. Such prop-, 

erties are of limited use, except in circumstances where the 
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high surface hardness give the requisite wear and abrasion 

resistance. To obtain potential strength increments in a 

wide range of steels by nitride precipitation, the study of 

dilute Pe-X-Y alloys is advantageouss especially when strong 

interactions occur between the substitutional and intersti- 

tial solutes. The most suitable systems are those with 

either vanadium, niobium or titanium as the substitutional 

solute, since low nitrogen potentials, (e. g. INH 3: 99H2 at 

575 0 C), enable the precipitation of a high dispersion of 

small ( o-- 3nm diameter) coberents di=-shaped particles (see 

Chapter VI). 

Previous work by Roberts (1970) has shown that a high 

hardness and yield strength are developed by the GP zone 

structure in a nitrided Fe-0.6at. P-ib alloy. The properties 

persisted after several hours overageing at temperatures 

approaching 700 0 C, but decreased rapidly after ageing at 

800 0C when the equilibrium precipitate, ýý-YbNj formed. 

Despite the large strength increases obtained in alloys con- 

taining 0.5 - 1.0 at. % substitutional solute, the present 

investigaýion is primarily concerned with the mechanical 

properties of dilute iron alloys, where the substitutional 

solute content is similar to that used in many high strength 

low alloy steels 

VII. 2 Experimental 

Specimens for mechanical testing were prepared by. bot 
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i 
rolling to 2mm thick plate, followed by cold rolling to 

0.75mrit. Flat tensile specimens having a gqaZe length of 

20mm were then stamped out from the rolled plate. Prior 

to nitriding, the specimens were degreased and annealed in 

puftfied hydrogen at 780 - 900 0C in order to achieve a 

constant grain size of A. S. T. M. 7-8. Tensile tests were 

performed at a constant . strain rate of'4.2 x 10-4sec-ig at 

both room and elevated temperatures, using an Instron 

testing machine (see Chapter 111.10). 

VII-3 Mechanical 'properties of Fe-V-N alloys 

Fe-V alloys, with alloy contents varying from 0.15 - 

i. lat. ýN,, have been hitrided at various nitrogen potentials 

from 550 - 700 0 C. After nitriding the I. Iat. ýý-V alloy at 

550 - 6500C, to produce a microstructure containing a high 

density of small coherent particlesp microhardness increases 

of uP to 700 kg/mm2 are obtained. However, an evaluation of 

the mechanical properties is impossible, because the samples 

invariably fracture before yielding upon tensile testing. 

Suitable nitriding conditions which enable the yield strength 

of the higher alloys to be measured are obtained after nit- 

riding at high temperatures and low potentials, thereby pro- 

ducing coarser precipitates of the equilibrium phase. For 

example, after nitriding the Fe-I .1 at. ýX alloy in 0.6NH 3 
99.4H2 at 7000C to produce coarse VN precipitates of 40 

120nm diameter (see Pig. VI. 1 )., 0.1, c; Proof Stress (P. S. ) 

values of 690 Vmn? are obtained. Under these conditions 
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i. 10at. ý, N is present in the samples ana consequently, they 

are still relatively brittle. 

These initial results on Fe-V alloys showed that the 

precipitation of a high volume fraction of second phase 

particles strengthens the metal to such an extent that an 

interpretation of the mechanical properties is impossible 

in alloys containing above 0-5at. ýc' substitutional solute. 

More informative results are obtained after nitriding the 

Fe-0-15at. 5ýV alloy at temperatures in the range 550 to 

6500C - 

Some typic"-l properties arc given in Table VII. I. 

Strength increases of 345 - 675 N/mm 2 
are obtained above 

that of the as-annealed alloy. The proof strength is seen 

to increase with increasing nitrogen potential at constant 

temperature, whereas increasing temperature at a constant 

potential lowers the strength. Despite the low, solute con- 

tent, most of the samples have a very poor ductility, and it 

is noticeable that fracture often occurs before the ultimate 

tensile strength is reached. 

An interesting feature is observed after nitriding for 

various times at 575 0C in 5NH 3: 95H2. Nitriding to satura- 

tion (0-31at-ýai) raises the strength to a very high level 

(755 F/mmý) *and fracture occurs immediately after yielding. 

However, nitriding for onlY 3 hours to produce 0.12at. /5'ail 

results in a lower yield strength together with appreciable 

ductilitys enabling a higher fracture strength to be reached. 
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After short nitriding times a fully developed GP zone 

structure is not'perceptible (see Fig. VI-3(a)). The solute 

atoms are beginning to cluster togetherf and therefore, 

discrete particles are not obserVed. Consequently, the 

mechanical properties are appreciably different in this 

clustering. stage. Continued nitriding produces a high den- 

sity of zones which give a much higher strength. 

Figure VII. 1 shows the stress-strain curves for the 

Fe-0-15at. %V alloy arte'r nitriding to saturation at 575 0C 

in a range of nitrogen potentials. The curves have three 

regions.; a linear portion representing the elastic extension 

of the specimen, a region of apparently rapid -work hardening 

rate from the proportional limit up to or beyond the 0--15 

P. S., and a region of varying work hardening rate which is 

dependent on the specimen condition. I'Titriding the Fe-0-15 
0 

at. 5-V alloy at 57. r-,, C produces a homogeneous dispersion of 

fines coherent, disc-shaped particles of 3- 5nm diameter 

(see Fig. VI. 2). The effect of increasing the nitrogen 

potential is to increase the volume fraction of precipitate 

and to refine the microstructure. From Pig. VIIA it can 

be seen that the effect of increasing potential on the 

mechanical properties is dramatics causing large strength 

increases with a consequent reduction in ductility. 

The strength increments obtained are very large and 

approach an order of magnitude above the as-annealed strength. 
This represents an exceptionally high strengthening 
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increment in an alloy with only 0-15at. / . of solute. 

However, in association with the large yield strength in- 

crementsp it is noticeable that fracture often occurs before 

the ultimate strength is reached. Therefore, the fine, 

coherent particles do not raise the ultimate strength and 

work hardening ability of the metal to the same extent as 

the yield strength. In fact, the work hardening rate is 

observed to be very similar to the as-annealed alloy, in- 

ferring that the particles are cut by dislocations during 

deformation. Because of the limited ductility ofrýthe sam- 

ples nitrided in 2NH 3 : 90H2 and 511113: 95H2 at 5750C. it would 

appear that'little dislocation interaction takes place and 

that the deformation is concentrated in local areas, which 

enables the fradture stress to be exceeded at these points. 

VII-4 IIlechanical proRerties of Pe-Nb-N alloys 

Three niobium alloys containing. 0.11 0.3 and 0.6at. ýZb 

respectively, have been nitrided at various potentials in 

the range 550 - 700 0 C. Nitriding below 650 0C results in the 

homogeneous precipitation of coherent particles, whilst 

above this temperature, coarser precipitates of the equili- 

brium phase are formed (see Chapter VI-4). Table VII. 2 

shovis the properties obtained after nitriding Fe-Nb alloys 

to saturation at various temperatures and potentials. As in 

Pe-V-E alloys, high strength increments are obtained which 

are nearly an order of magnitude above the as-annealed alloY. 

It is evident that large strength increments are obtained in 
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the lowest alloy, and although even larger increments 

occur in the higher alloys, they are not so proportionally 

high when one considers the solute content. From the 

results shown in Table VII. 2., it is apparent that the strength 

increases with increasing nitriding potential and decreases 

with increasing temperature. 'Nith respect to the corres- 

ponding effect of nitriding conditions on the microstructure, 

it is apparent that the maxi=m strength is associated with 

the finest particle size. 

Stress/strain curves of the Fe-0.1 atjA, 1. b alloy exhibit 

low initial work hardening rates (solid solution behaviour) 

and are indicative of the initial particles being cut by 

dislocations during deformation (see Fig. VII. 2). In the 

range of potentials used below 600 0 C, GP zones are produced 

of 3- 6nm diameter, the effect of increasing potential 

being to refine the microstructure. The result of raising 

the nitrogen potential on the. nmhanical properties is to 

increase the strength and reduce the ductility, and after 

nitriding in 5KH3: 95H 2 the samples are extremely brittle. 

blitriding at this potential causcs excess nitrogen to be 

present in the lattice and it seems inevitable that this will. 

contribute to the deterioration in ductility. l1ritriding at 

lower potentials, (e. g. INH 3 : 99H 2)1 proceeds without any 

excess nitrogen being present, and indeed, there is insuf- 

ficient to cause precipitation of all the substitutional 

solute. In these instances a more ductile structure is pro- 

duced, together with substbntial strength increases. 
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To deduce a strengthening parameter to illustrate the 

exceptionally large increments obtained, the properties of 

the O. lat. c: h'b alloy after nitriding in IKII : 99H at 550 0C 
32 

can be used. Strength increments of 380 1, ý, /mm2 are, obtained 

for a total solute content of 0-17at. %. This is equal to 

2 
an increase of 2235 W/mm per at. /C of solute, which is 

remarkably high. The solid solution strengthening produced 

by interstitial nitrogen in alpha-iron is regarded as one of 

the most effective methods of strengthening iron, yet this 

y/ 2 
jý 

is only 575 mm per at. ýX (Baird & Jamieson, 19b6; 

Bergstrom & Roberts, 1972). Consequently, the strength in- 

crements obtained by the coherent precipitation of very 

small discs represents a most effective method of strengthening 

iron base alloys. 

Vitriding the Fe-0.10at. /', I\-b at 5750C results in the 

rapid formation of zones. The effect of nitriding time on 

the mechanical properties of the alloy aft*er nitriding in 

U111 at 575 0C is shown in Fig. VII-3. Large increases 3: 98H2 

in the proof and ultimate strengths are obtained even after 

short times (5 lirs). Continued nitriding results in further 

strength increases, although the ductility is drastically 

reduced; eventually, after nitriding for 64 hrs., fracture 

occurs immediately after yielding and indeed, the breaking 

stress is lower than in alloys Ylitrided for shorter times. 

From these results it is evident that the optimum properties 

are obtained after very short times when there is insufficient 

nitrogen in the alloy to associate with all of the substitu 
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tional solute. After short times clustering of niobium and 

nitrogen atoms occurs, whereas nitriding the alloy to sat- 

uration results in the formation of discrete, coherent disc 

shaped zones. Once formed, the zones are stable at the nit- 

riding temperature and it is necessary to'age at higher 

temperatures to coarden the particles. Upon ageing, the 

strength continuously decreases (see section VII. 8). 

Therefore, the zone stage in Fe-Nb-N alloys represents the 

stage of highest attainable strength. 

VII-5 The variation in__vield strength with nitrogen content 

Nitriding Fe-0.15at. %V and Pe-0.10at. cj4oNb alloys in a 

range of potentials varying from O. 5NH3: 99.5H2 to 5NH3: 95H2 

at 550 - 6000C produces significant changes in nitrogen con- 

tent, microstructure and hence.. in properties. The varia, 

tion in 0.1% P. S. with the total atom fraction of nitrogen 

is shown in Figure VII. 4. The-relationship for the solid 

Golutiori strengthening of nitrogen in pure iron (after 

Bergstrom & Rdberts, 1972) is included for comparrativepur- 

poses. Under the prevailing nitriding conditions small 

cobaimt d isc- shaped paricles of 3-6nm diameter are homogene- 

ously precipitated (see Pigs. VI. 2, &6); the effect of increas- 

ing nitrogen potential being to increase the particle densitY 

-. ýand. - to'- refine the microstructure. 

Similar trends in mechanical properties are observed for 
both alloys. Above some critical value in nitrogen content 

0.12 at. %) 
. the strength increments become much smaller 
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than in the low nitrogen region. In fact, in the high 

nitrogen region the curves for the nitrided alloys are 

obsaved to be almost parallel to the solid solution streng- 

thening behaviour of nitrogen in pure iron. 

At low. nitrogen contents, where the strength increases 

rapidly, the precipitate volume fraction increases. If, in 

these initial stages, all of the nitrogen is assumed to be 

precipitated as zones with an X: 11 ratio of Jqj, it the strength 

increases can be related solely to the precipitated part- 

icles (see section VII-7). When excess nitrogen is present, 
the strength increments are in agreement with the additional 

nitrogen being in solid solution. Therefore, it is apparent 

that above some critical nitrogen potential, when all of*the 

substitutional solute becomes precipitated, the zone struc- 

ture remains substantially unaffected by increases in nitro- 

gen potential; the only. change is the slight refinement caused 

by the effect of increasing potential on the critical 

. nucleus size. 

At nitrogen contents below about. 0.12at. % the strength 

increases are large, although all of the substitutional aol- 

ute is not precipitated. At even lower nitrogen contents 

there is no hardening, since the nitriding potential is 

insuMcient to exceed the zone solvus. It is noticeable from 

the region where the s. trength increases at'low nitrogen con- 
tents, that the solvus for precipitation in the Fe-0.15at. %V 

alloy occurs at a higher potential than for the niobium alloy., 
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despite the higher solute content. This behaviour can be 

explained as being due to the greater niobium-nitrogen 

interaction. 

VII. 6 The effect of nitridingtemperature on properties 

The effect of nitriding at 550 - 700 0C on the 6.1% P. S. 

of the Fe-0.15at. %V ana Fe-0.1 & 0.3at. u/'ofDITb alloys is shown 

in Pigure VII-5. In order to avoid any complications due 

to variability in nitrogen content, the samples were nitrided 

at a constant potential (aN = 0.046at. %). The weight in- 

creases obtained confirmed that this was achieved, apart 

from one exception. This was the Fe-V alloy nitrided at 

5500C, wheri only O. Iiat. %N was introducea into. the sample. 

The strength is observed to increase continuously with 

decreasing nitriding temperature for both the niobium, alloysq 

although below 600 0C 
only slight increases are evident. This 

is due to the structures being stable at 550 - 6000C., where- 

as nitriding at higher temperatures results in larger part- 

icles being precipitated which continue to grow at the nit- 

riding temperature. In this respect, the results in the high 

temperature range are time dependent, because prolonged hold- 

ing at these temperatures will inevitably lead to decreases 

in strength. After nitriding the 0.1 and 0-3atqj57o1Th alloys, 

the nitrogen contents. are 0.135 and 0.35at. % respectively; 

after subtracting the nitrogen in solid solution, this 

leavei3 0.09 and 0.28at. % available for precipitation. -Con- 

sequently., the ITb: N ratios are always '. " I: I. The eff eat Of 
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of increasing temperature on the microstructure is to cause 

coarsening of the particles. Therefore, the maximum 

strength for a constant volume fraction of precipitated 

phase is obtained at the finest particle size. 

The behaviour of the Fe-0.15at. %V alloy is observed to 

differ after nitriding at 5500C, where a lower strength is 

obtained. This is due to the lower nitrogen content in the 

alloy (O. Ilat. %). At all other temperatures, 0.165at. 54M 

is present. At the lower temperature it seems probable that 

all of the vanadium is not precipitated, and so a lower 

volume fraction of particles forms, resulting in a lower 

strength. This phenomenon illustrates the importance of 

nitriding temperature on the zone solvus for precipitation 

in Fe-V alloys. 

After nitriding Fe-, K-N alloys at 7000C. 9 characteristic 

yield points are observed, whereas no such effects are 

ottaned at the lower temperatures. Therefore, there must be 

o" 
nitrogen in random solid solution after nitriding at 700 %. # - 

which causes dislocation locking. This can be explained by 

the larger. interparticle spacing, and the consequent increase 

in unstrained ferrite, enabling nitrogen to occupy random 

sites. Nitriaing at lower temperatures proauces particles 

with extensiv6 coherency strain fields around them, which 

act as sites where the nitrogen atoms become located. Con- 

sequently, the nitrogen is unable to diffuse to dislocations 
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and cause the characteristic yield points when small, co- 

herent particles are precipitated. 

VII-7 The influence of volume fraction on yield strength 

Varims precipitation strengthening moaels have been pro- 

posed, each model predicting that the yield strength is a 

function of the volume fraction of precipitated particles. 

ThereA. ore, in order to assist the interpretation of the 

mechanical properties it would be advantageous to determine 

the relationship, if any, for the nitrided ferrites. This 

is not particularly easy in a system containing small part- 

icles because of the unknown volume*fraction. However, it 

seems reasonable to assume that the volume fraction is prop- 

ortional to the sum of the concentrations of solutes present 

as zones or precipitates. 

In order. to calculate the volume fraction of solutes it 

is necessary to assume that the nitrogen in excess of a X: N 

ratio of 1: 1 is in solid solution. Also, when a deficit of 

nitrogen is present it must be assumed that it is all bound 

to the substitutional solute, leaving no nitrogen in random 

solid solution. These assumptions infer that the precipi- 

tated particles always have a X: N ratio of 1: 1. 

The strength increase due to the particles,, 66, can be 

calculated from: - 

obs - '6ann 0' 
»0000040 
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where dobs and da. are the 0.1 % P. S. values of the nit- 

rided and anne 
' 
aled alloys respectively, and 6pl,, is the 

yield strength increment expected from the nitrogen in 

solid solution. The dependence of the strength increase 

with the volume fraction of precipitated phase is shown in 

Fig. VII. 6. A linear relationship is obtained when the 

square root of the sum of the solute concentrations is 

plotted against strength, thus sha. %, ing that the yield stre- 

ngth is proportional to the square root of the volume fractim 

of particles. 

Table VII. 3 shows the strength increments calculated 

using equation (VII). I for the nitrided Fe-Mat. 0b alloy. 

The value taken for the solid solution strengthening of iron 

by nitrogen is 5751T/mm 2 
per at. c/"zN (Baird & Jamieson, 1966; 

Bergstrom & Roberts, 1972). Prow, these results it can be 

seen that the strength increases with niirogen potential, 

due to the higher volume fraction of solute. However, when 

excess nitrogen is present, the strength increment is the 

same (9 490N/mm2), irrespective of the total nitrogen con- 

tent. Therefore, the original supposition that the excess 

nitrogen is in solution seems justified. 

VII. 8 The variation in-yield strength with ageina time at 
750 0C 

Tensile specimens of the Fe-O. lat. %Nb and Fe-O. i5at. %V 

alloys have been nitrided at 550 0C in IN113: 99H 2 and 31TH3: 

97H2 gas mixtures respectively, and then aged for various 
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times at 750 OC in one atmosphere of argon. Pig. VII-7 shows 

the variation in0.1% P. S. as a function of the square root 

of ageing time after these treatments. 

The behaviour of both alloys is similar. After short 

ageing times a considerable drop in strength is observed; 

this is followed by a period when the strength remains ap- 

proximately conatant., before it begins to continually dec- 

rease as the alloys overage, 

The nitriding potentials proauce 0-07at. ý= in the Fe-Nb 

alloy and 0.20at. %. Il in the Fe-V alloy. The higher strength 

and slower ageing process of the Fe-V alloy can be related 

to the highdr nitrogen concentration and the consequent higl= 

volume. fraction of precipitated phase. 

Electron metallography of both alloys shows that the 

initial homogeneous precipitation forms coherent discs of 

about 5nm diameter (see Chapter VI ). whiqh grow linearly as 

a function of the square root of ageing time. At the point 

where the yield strength starts to decrease continuously, 

the particles have grown to about 15nm diameter and can be 

identified as the "equilibrium precipitate. 

These results confirm that the maximum strength in Fe-X-N 

alloys occurs at the smallest particle size. 

During the ageing of finely dispersed second phase part- 

icles, differences in work hardening rate often occur. Most 
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of the samplesq nitrided to produce small, coherent part- 

icles, show low initial work hardening rates, similar to 

the as-annealed alloys. This is consistent with the mode 

of deformation occurring from particle cutting. After age- 

ing classical age-hardening alloys, the work hardening rate 

usually increases as the alloys average, due to the dis- 

location particle interadtion. changing to a looping or by- 

pass mechanism. 

In the nitrided ferritic alloys, the low volume fraction 

of solute makes it impossible for any large changes in work 

hardening rate to occur, only small changes being obtained. 

Further complications arise from the presence of nitrogen in 

solid solution, and so any changes in characteristics are 

most easily detected when little or no excess nitrogen is 

present in the matrix. This is possible after nitriding the 

Pe-0.15at. %V. alloy in 1NH 3: 99H2 at 5750C to produce 0.08at. 

%oN. Typical stress-strain curves of the as-nitrided and aged 

samples are shown in Pigure VII. 8. The as-annealed alloy is 

also shown for comparative purposes. The curves obtained 

after nitriding, and after subsequent ageing for 16 hrs. at 
7500C. are practically identical to the as-annealed alloy 
(solid solution behaviour). However, the- initial work hard- 

ening rate increases after ageing for 48 hrs., when the pre- 

cipitation of incoherent VN has evolved. At this stage, 

yielding occurs by dislocations by-passing or looping the 

particles. To obtain more substantial changes in work hard-- 

ening behaviour necessitates the use of a higher volume frac- 

tion of precipitated phase (usually >1%), but this is imPOs- 
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sible in nitrided ferrites because of the extreme brittle- 

ness of these materials when tested in tension. 

o VII. 9 Hydrogen reduction of Fe-0.15at- 

The effect of hydrogen reduction on the properties of 

the Pe-0.15at. %V alloy has been studied in two conditions: - 

i) after nitriding in 21TH 3 : 98H2 at 5750C to produce a 

microstructure containing discs of about 5nm di. -ameter. 

ii) after nitriding as in i) and subsecluently-ageing at 

7500C for 24 hrs. in order to coarsen the particles to 

oltain incoherent VN plates of 15nm diameter. 

Pig. VII. 9 shovis the decrease in strength for both micro- 

structures for reduction times up to 210 hours. The strength 

of the aged alloy decreases at a slower rate than the as- 

nitrided alloy; this can be attributed to the presence of a 

more stable precipitate. 

After reduction for 210-hours, the strength decreases of 

the as-nitrided and aged alloys are 165 and 45 mm 
2 

res- 

pectively. However, the weight decreases for both samples 

are identical-(0.068at. 7oN). The strength decrease expected 

from the removal of 0.068 at., /ýcfll in solid solution is 40 
2 N/mm . Consequently, the loss in strength of the aged alloy 

can be accounted for by the removal of the excess nitrogen 

from solid solution. However, the. same explanation does 

not hold for the as-nitrided alloy. 

The as-nitrided structure consists of 'a high volume frac- 
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tion of small, disc-shaped particles, whose strength is 

markedly dependent on particle size and volume fraction. 

Therefore, any slight changes in either size or volume 

fraction during the prolonged reduction treatment would 

M-sultin a noticeable strength decrease. Also, some contri- 

bution to the large decrease may be related to possible 

changes in the initial zone composition. A reduction in the 

nitrogen content of the particles is possible during pro- 

longed reduction. The particles would consequently produce 

a lower matrix strain, 'which would lead to a further 

deareaseZ strength. 

Hydrogen reduction treatment of the as-nitrided alloy 

for 210 hours reduces the nitrogen content to 0.09at. '/", IT; the 

strength at this time is 465 IT/mm 2. From'the relationship 

between strength and nitrogen content (see Fig. VII-4), it 

can be seen that this value fits exactly onto the curve. 

Therefore, it appears that a decrease in the volume fraction 

of particles in itself would account for the loss in strength. 

n VII. 10 High temnerature -oro-nerties 

Fig. VII. 10 shows the variation in yield strength with 

testing temperature for the Fe-0.15at. %V alloy containing 

0.20at. 6/ofN in the as-nitrided and aged conditions. The 

strength of the as-nitrided alloyo containing coherent part- 

icles of 5nm diameter, is observed to decrease linearly with 

testing temperature. The aged alloy contains particles of 

incoherent VN of about 15nm diameter. At temperatureslabove 



Fig. VII. 10 

for 

600 

400 

0-10/ops. 
N1, 

rnm) 

200 S 

0 
0 200 400 600 

Temperature 0c 

Temperature dependence of the yield 
strength in Fe-015aNoV-0-16at-`/` N 

I 

-x-as nitrided 



--147 - 

,0 200 C the strength is observed to be similar to that of the 

as-nitrided alloy. However, the strength is observed to in- 

crease slightly in the serrated flow region (100 - 200 0 

the highest strength being obtained at 200 0 C. The slight 

increase can be associated with an increase in friction 

stress caused by the nitrogen in solid solution (dynamic 

strain ageing). The absence of this phenomenon in the as- 

nitrided alloy infers that there is no nitrogen free to lock 

dislocations. In the nitrided alloy, the nitrogen is prob- 

ably located in the strained matrix around the coherent part- 

icles and cannot cause dynamic strain ageing. 

VII. 11 Discussion 

The strength increases obtained in dilute Pe-1, Tb-N and 

Fe-V-N alloys are extremely large when consideration is made 

of the low volume fraction of solute. The associated micro- 

structures contain a high density of small, coherent disc 

shaped zones which are only two or three atom planes thick. 

It is the combination of-the shape, sizes structure and den- 

sity of the particles which makes such large inerbments 

possible. 

In order to compare the strength increments in Fe-X-11 

alloys to other precipitation hardening alloy systems, an 

expression developed by Borland & Segall (1972) can be used: - 

VH - VV@ + f) Vs? ****Veto 
(VrI). 2 
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The parameters s, is a measure of the strength produced by 

a given volume fraction, f, of solute, whilst VH and 
VS 

are 

the Vickers hardness (or 0.1% P. S. ) values of the precipi- 

tation hardened and solution treated alloys respectively. 

Some typical values of s for various precipitation hardening 

alloys are given in Table VII-4, together with the values 

calculated for Fe-Nb-N and Fe-V-N alloys. The exceptional 

nature of the strengthening produced in the nitrided ferrites 

is clearly apparent, the parameter being five times greater 

than in any other alloy system. 

The high strength of the nitrided ferrites is associated 

with the homogeneous precipitation. Prom the results it is 

obvious that the maximum strength is-obtained when the part- 

icles are at the smallest possible size. At this stages the 

particles are very-thin in one dimension (0-5 to Inm) and are 

fully coherent with the matrix. The shape of the particles 

will strongly influence the properties since Kelly (1972) has 

shown that thin plates can cause strengthening up to three 

times that obtained from the same volume fraction of spheri- 

cal particles. 

When such large strength increases are obtained it is 

inevitable that some decrease in ductility will occur. 

Howeverp the reduction of ductilityjeven in the dilute Fe-X-N 

allOySv is often drastic with fracture occurring immediately 

after yielding. Two possible reasons for the loss in 

ductility are: 

i) the deformation mechanism associated with the homO- 



A 

H 
H 

Ul 
>1 
0 
ý-l 

0 
14 
z 
W 
n 

z 
0 
H 
E-4 

H 

z 
0 
rL4 

Cý 

0ý 
(4 
E-4 

P4 

(9 
H7ý 
z 

E-4 

E-4 
Ef) 

y 

I cn 
. 

co 
> 0. 0 

1 0 
lq; r 

rT4 

z LO 
I C\l (1) 

ýq 0. 0 

: 41 0. Iq 

C\j 

:j co 0 

Ln. u ON. 

0 

v-4 ri 
U co Iq 1 0 9 :3 C\j 
u 

&4 
u Ln 

Ln 0 
u 

41 

r4 
4j 0 
Y) ul 
>1 
W 0 

- 
>1 
0 

r-I 0 
H 41 
(0 (0 

, -, Vw . 



- 149 - 

geneous nucleation of fine particles; and 

ii) the excess nitrogen which is present in the alloys 

after nitriding at high nitrogen potentials. 

The development of a high strength in ferrous materials is 

based upon increasing the resistance to the motion of dis- 

locations. This is produced in Fe-X-N alloys by the homo- 

geneous nucleation of fine particles. However, Hornbogen 

(1971) has claimed that the degree to which useful strength 

increases can be obtained is limited by the occurence of 

particle shearing; the liklihood of this is enhanced when 

small coherent particles are precipitated. Shearing of the 

particles can result in a coarse slip distributionp prod- 

ucing dangerous stress concentrations and plastic instability 

in local areas, although the macroscopic strain is low. 

The consequence of this is a drastic reduction of duct- 

ility. Therefore, it would appear that particle shearing 

could occur in dilute Fe-X-N alloys containing small part- 

icles because fracture often occurs immediately after yield- 

ing. The inability of the metal to work harden and attain 

the ultimate tensile strength is a consequence of this def- 

ormation mode. Overageing the particles to form the in- 

coherent, equilibrium precipitate improves the ductility with 

a consequent reduction in strength. 

The extremely poor ductility of nitrided ferrites is 

not an isolated example of embrittlement in precipitation 

hardened ferrous materials. Watson & Brown (1974) observed 

poor ductility in age-hardened Fe-Si-Ti alloys containing 
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fine coherent particles, whilst the embrittlement at 475 oc 

in age-hardened Fe-Cr alloys has been observed by numerous 

investigators (Lagneborg, 1967; Williams & Baxton, 1957; 

Courtnall & Pickering, 1976). In-the Fe-Cr system the 

embrittlement is caused by the precipitation of chromium 

rich b. c. c. cZ'- phase which forms as zones on [1007 fer- 

rite planes. The precipitation causes large strength 

Inoicasce together with a drastic reduction in ductility, 

Therefore, it appears that embrittlement of ferrous mater- 

ials is a common featu re when high strength increments are 

developed due to the precipitation of fine, coherent 

particlos. 

The presence of excess nitrogen in the matrix is another 

reason why embrittlement can occur in ferrous materials. 

11itriding Fe-X alloys at low nitrogen potentials, when there 

is a deficit of nitrogen, results in improved ductility, 

although it is difficult to evaluate the effect because of 

the lower density of precipitated particles. It is rele- 

vant to note that high strength increments (up to 10001TI/mm 2) 

can be achieved in isothermally transformed steels without 

such detriment to ductility. In these steels precipitation 

occurs during transformation and there is a deficit of inter- 

stitial atoms compared to the substitutional-solutes. 

Despite the presence of excess nitrogen in many of the 

nitrided samples, there is no evidence of any yield points 

when smalls coherent particles are precipitated. The sig- 

nificance of this phenomenon and the fact that hydrogen 
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xeductiontreatment, to remove the excess nitrogen,, only 

slightly improves the ductility of Fe-X-YI alloys, suggests 

that the major cause of the poor ductility is the deforma- 

tion mecbansim associated with the finet coherent particles. 

The strengtbening produced in nitrided steels has been 

the subject of numerous investigations. Chen (1965) found 

that hydrogen reduction treatment improved the ductility of 

dispersion strengthened Fe-Ti-N alloys. The stress-strain 

curves of the nitrided structures were found to have a high 

Initial work hardening rate, which was dependent upon the 

volume fraction of particles. This behaviour was taken as 

being Indicative of the particles being looped during de- 

formation, which would be expected since the alloys were 

nitrided at high temperatures (700 - 8000G). Chen claimed 

that particles below 40nm diameter viere coherent with the 

matrix. Howevers in view of the present investigation it 

is impossible to comprehend how such large particles are 

coherent$ and the results of Chen's work can be explained 

as being due to the production of large, undeformable part- 

icles of the equilibrium phase. By producing smaller part- 

icles in Fe-Ti-N alloys, Kirkwood et al (1974) found that - 

the strength increased continuously down to the smallest 

particle size and was proportional to the square root of the 

volume fraction of precipitated phase. This behaviour is 

typical of that observed in Fe-Nb-F and Fe-V-P alloys con- 

taining small$ coherent particles. 
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Other research by Melkumov et al (1973) associated the 

high strength of the nitrided layer with the formation of 

finely dispersed nitrides which were either completely or 

partially coherent with the matrix, the maximum hardness 

being found in the initial stages of nitride formation. 

From hardness measurements on the nitrided layer of a Cr-Mo 

steel, LIvosky & Gerasimov (1973) determined that the hard- 

ness decreased to half its initial value in the temperature 

range 400 - 500 0 C. The findings of the present work con- 
firms the observations made in these investigations and es- 

tablishes conclusively that the maximum strength in nitrided 

ferritic alloys is associated with the production of a homo- 

geneous -dispersion of coherent discs of 3- 5nm diaireter and 

0-5 - Inm thick on the ferrite cube planes. 

The obseVvation that the maximum strength is associated 

with the formation of coherent particles is comparable to 

other precipitation hardening systems. In either the ran- 

. dom solid solution or overaged conditiong the strength is 

lower due to the easier dislocation movement'. Eowever, one 

of the main differences in the nitrided ferrites is the very 

small particle size associated with the maximum strength. 

The only other age-hardening system studied in any detail in 

b. c. c. iron is the Fe-Cu system, where Hornbogen (1964) 

fcund similar stages of ageing to those observed in the nit- 

rided ferrites. The maximum strength was observed at the 

stage where the first formed f. c. c. particles appeared' 
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(5 - 15nm diameter), which were coherent with the matrix. 

In either tne clustered solid solution or with overagedl in- 

coherent particlest lower strengtne were obtained. Evalu- 

ation of the properties in this particular system is faci- 

litated by the copper rich particles'precipitating as 

spheres* 

Significant strength increases have been observed by 

numerous investigators in high strength low alloy steels 

containing vanadium or niobium additions. Prequently, the 

strengths are associated with the precipitation of fine, 

coherent particles. In semi-killed low C-Mn steels to 

which singlb and combined additions of vanadium and nitrogen 

were made, Stephenson et al (1964) found that the combined 

additions increased the yield strength of the hot rolled 

steel by 110 N/mm 2 
The strength increase was significantly 

above that obtained from the single additions and was 

iAated to the precipitation of VY platelets on [100), planes. 

Suztiki et al (1970) observed what was claimed to be a re- 

markably high strength level in 0.05C, 0.05roV steels con- 

taining coherent V4C3 particles of 8-10nm diameterv whereas 

Gray (1973) found that the strength increased down to the 

smallest particle size (1-5nm diameter) in niobium. contain- 

Ing steels. Whilst investigating the effects of niobium, 

vanadium and titanium-on the processing of fine grained 

steels, Irvine et al (1967) found that small precipitates 

of 3nm diameter formed in the titanium steel which produced 
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very high strength increases (310 11/mJ). Smaller in- 

creases of 45 - 155 TVMM 2 
were found in the niobium and 

vanadium steels. Despite the fact that most investigators 

have found that the maximum strength is obtained at the 

smallest particle size, Lamberigts & Greday (1974) claim 

that the maxi=m, strength in niobium, and vanadium*contain- 

ing dispersion hardened steels occurs at a critical partide 

diameter of 7nm. 

The strengthening due to small particles is not restric- 

ted to low carbon st. eels. Steiner et al (1975) observed 

fine plate or rod shaped particles (10 - 40nm diameter) 

within the ferrite of the pearlite in 0-55-C steels contain- 

ing 0.1j-5V and 0.01ýX-. The precipitation caused strength 

ir=exes of 110 - 150 N/mn, 2 
upon air cooling. During in- 

vestigations into the secondary hardening of steels, the 

peak hardness has been associated with the homogeneous pre- 

cipitation of coherent V4C3 or VN precipitates (Tekin & 

Kellyj 1965; Smith, 1966; Baker, 1973(b)); whereas Simcoe 

__et, _al__(Iq68) observed large- strength increases associated 

with low work hardening rates in a tempered Ilo-VI-N steel and 

concluded that particle cutting took place during deformaticn. 

From the majority of the research on the precipitation 

of second phase particles in steelsp it is evident that the 

particles must be both small and coherent to produce large 

strength increases. Peverthelesso the strength increases 
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are low in comparison to those found in the present work. 

For example, Gladman et al (1971) obtained maximum strength 

increases of 150 V/mm2 in a 0-15at. ý, DV steel containing 3nm 

diameter particles. It is evident from the present invest- 

igation-that all of the isubstitutional solute cannot be 

homogeneously precipitated in this steel since increases of 

400 - 500 N/mm, 2 
would be obtained. A possible reason for 

the large difference is that some of the interstitials are 

precipitated with*other alloy elements (e. g. aluminium) 

which cause grain refinement. Therefore, a smaller amount 

of interstitial solute is available for homogeneous pre- 

cipitation. Alsol some larger particles will probably pre- 

cipitate on dislocations during cooling,.. rendering a prop- 

ortion of the alloy additions ineffective for precipitation 

I at the lower temperatures where small, coherent particles 

f orm. 

The present investigation has shown that the yield str- 

ength is strongly temperature. dependent when small particles 

are precipitated (see Fig. VII-7). However, during the 

elevated temperature testing of steels, the yield stress is 

normally expected to increase at about 2000C due to the free 

nitrogen causing dynamic strixin ageing. The absence of 

this behaviour in the as-nitrided alloyt despite the high 

nitrogen contentv can be explained in one of two ways: - 

i) there is no nitrogen in suitable sites to cause 

dislocation locking, i. e. it is trapped in higher energy 

sites; or 
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ii) the controlling deformation mechanism requires a 

higher strength level than that necessary to free nitro- 

gen from dislocations. 

Ageing the alloy to precipitate the eqUilibrium phase per- 

mits dynamic strain ageing in the range 150 - 25000. Con- 

sequentlys there is now nitrogen present in random ferrite 

sites. These sites are in the undistorted matrix region 

between the precipitates. 

0 
The behaviour at testing temperatures above 300 C is 

anamolous because of the continual strength decrease and 

the accompanying poor ductility. In a study of the high 

temperature properties of iron containing molybdenum or 

chromium in the absence of any interstitials, Baird & 

Jamieson (1972) found that the strength was fairly temp- 

erature insensitive in the range 20 - 700 0 C. Therefore, 

the strong temperature dependence of the nitrided alloys 

must be associated with-the precipitated particles, pre- 

sumably as a result of the prevalent strengthening 

mechanism. 

The role of precipitates in determining the mechanical 

properties'is obviously important in Fe-X-N alloys. The 

strength increases obtained are very much greater than 

those obtained in f. c.. c. materials for comparable volume 

fractions of solutes. Therefore, it seems that the streng- 

thening ii3 unique due to the size, shape, density and com- 



- 157 - 

position of the particles formed after nitriding diliftte 

Fe-X alloys in the range 550 6000C. The attainment of 

similar strength increases in commercial steels is difki- 

cult due to the liklihood of precipitation on dislocations 

at high temperaturesq and because the homogeneous precipi- 

tates form over a range of temperatures. 

From the thermodynamics and solubility data of numerous 

substitutional and interstitial solutions in o-CO and X iron, 

the relative usefulness of alloy additions in commercial 

steels can be predicted. Calculations of the free energies 

of formation of VN and VC in cv- and Y iron have been 

made (Chino & 'Rada, 1965; Fountain & Chipman, 1958) . which 

show that there is a greater tendancy to form VIT in -ne- and 
'Z( iron than VC. If both are present, the carbide will 

dissolve first as the temperature is raised. This is con- 

firmed by the work of Stephenson et al (1964) who claimed 

that only VN is present in steels heated up to 780 0 C. In 

steels there is a tendancy for vanadium to form nitrides 

whilst niobium preferentially forms carbides, though many 

of the particles formed in commercial steels are mixed 

carbo-nitride phases. Of the solutes which have a strong 

Interaction with nitrogen, vanadium is likely to be of the 

, most benefit in commercial steels. This is because VH 

becomes soluble at about 950 0 C. and therefore, can be taken 

Into solution and be re-precipitated on cooling. Both nio- 

bium and titanium carbides or nitrides are less suitable 

because of their low solubility in austenite, 
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Consequentlyl high soaking temperatures are required 

to dissolve these phases. Due to"the lower soaking temper- 

atures neccssary to dissolve VIT or VC precipitatesp it is 

anticipated that the practice of controlled rolling will 

be much easier in vanadium containing steels. Upon re- 

transformation it is necessary to precipitate particles of 

a size which enables the maximum strength increase to be 

obtained. From the results of the present investigation 

it is evident that in order to attain the highest strengtht 

precipitation should occur within the range 550 - 6000C. 

VIIA2 Conclusiong 

a) High strength increments are obtained in nitrided 

dilute Pe-X alloys when small, coherent dibc-shaped part- 

icles are precipitated on the 00? ferrite planes. In El 
ýA 

the Fe-O. Iat. ýNb and Fe-0-15at. ýW alloys small additions of 

nitrogen (O. Iat. ýo) increase the'strength by about 400 ITIM2- 

Increasing the nitrogen content above this level results in 

a further strength increase which can be explained as being 

due to the presence of nitrogen in solid solution. 

b) The maximum strength increase is obtained at the 

finest possible particle. size. 

c) The yield strength is proportional to the square 

root of the sum of the substitutional and interstitial sol- 

utes available for precipitation. 

d) The high strength increases are associated with'very' 

poor ductility, fracture often occurring i=ediat, ely, after 
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yielding. Ageing the particles to reduce the strength . 
resultsin a simultaneous increase in ductility. The reason 

for the poor ductility is believed to be caused by the 

mode of deformation occurring when small, coherent part- 

icles are precipitated. 

e) The yield strength decreases continuously as the 

testing temperature is increased in the range 20 - 600 0C 

when zones are precipitated. A similar dependence is 

found in aged alloys containing equilibrium precipitates at 

temperatures above 250 0 C. The ductility remains low at 

higher temperatures despite the reduction in strength. 

f) Wo yield points are obtained upon tensile testing 

nitrided Fe-X alloys containing small, coherent particles. 
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Chapter VIII 

ELECTRON METALLOGRAPHY OF DEFORMED ALLOYS 

VIII. 1 Introduction 

A study of the interaction between dispersed 

second-phase particles and dislocations during deformation 

was instigated in order to obtain a more thorough under- 

standing of the strengthening mechanism in Fe-X-N alloys. 

The strength of any metal is governed by the particular 

type of dislocation interaction taking place, and theories 

of particle strengthening necessitate the assumption of 

the pertinent dislocation-Particle interaction. Therefore, 

if the mechanism by which the particles deform can be det- 

ermined, the relevant strengthening model can be applied 

more confidently. 

Transmission electron microscopy enables the interactions 

distribution and oxiontation of dislocations to be directly 

examined. Nitrided ferritic alloys containing zones and 

overaged particles of the equilibrium phase have been 

studied in order to determine the dislocation-particle 

interactions associated with the various stages of ageing. 

During the course of the investigation it became aPParent 

that the deformed microstructures are a feature of the dis- 

tribution of second phase particles and so the structures 

obtained for one particular Fe-X-IT system are comparable to 

other alloy systems containing a similar distribution of 
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particles. 

VIII. 2 Experimental 

Thin foils for transmission electron microscopy were 

prepared from deformed 0.75mm thick tensile samples. The 

samples were thinned to about 0-05mm, by chemically polish- 

ing in aH2 02/BP/H 20 solution, and were then electropolishoa 

using the window technique, 

A factor which governs the metallography of deformed 

microstructures is their reproducibility, any anomolous 

structures being a consequence of mishandling. Thereforel 

every precaution was taken to prevent bending or working 

the foils during preparation. 

VIII .3 Fe-X-N alloys prior to peak strenprth 

Vitriding dilute Fe-X alloys to saturation in the range 

550 - 6000C precipitates discrete, disc-shaped zones which 

are associated with peak strength. After short nitriding, 

times, lower strengths are associated with the clustering, 

of substitutional and interstitial solutes. Fig. VIII-I 

shows the dislocation distribution obtained after nitriding 

th. e Fe-0-15at. ý; V alloy in 51\TH3 : 95H2 at 5750C f or 3 hrs. and 

straining in, tension by 

The dislocation structure is similar in mahy respects 
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to that observed by Turkalo & Low (1962) in single crystals 

of Pe-3/5ZSi alloys. Numerous long, fairly straightq screw 

dislocations are visible which appear to be predominantly 

on two slip planes. On closer inspection, the dislocations 

are observed to contain several jogs. There is also some 

dislocation debris present in the form of equiaxed and 

elongated loops. The jogs are indicative of drag on screw 

dislocations. Under the applied stress2 which causes the 

screw dislocations to move, the Jogs are immobile. As the 

screw dislocations continue to move, a trail forms b6hind 

them and it is from the pinching off of these extended 

jogs that the debris is formed. The fact that the disloca- 

tion structure in the clustered Fe-V-N alloy is similar to 

those in homogeneous solid solutions of pure iron or Fe-X 

alloys (Turkalo & Low, 1962; Hornbogen, 1964) infers that 

the deformation mechanism is alpo the same. 

VIII-4 Pe-X-N alloys containing zones 

Nitriding Pe-Nb and Fe-V alloys to saturation below 600 0c 

produces a homogeneous dispersion of smallt coherent disc- 

shaped zones. It is at the smallest possible size (3 5nm 

diameter) that the highest strength is obtained. The dis- 

location substructures produced after deforming both alloys 

are very similar. Pigs. VIII. 2&3 show some typical dis- 

location networks obtained after deforming a microstructure 

containing the coherent zones. 
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The structure shown in Fig. VIII. 2(a) is obtained after 

nitriding the Fe-0.1at. %Ub in 0.51IH3: 99.5H2 at 5500C for 

48 hrs. and straining by 1%. A heterogeneous dislocation 

distribution is observed, slip occurring on several adjic- 

ent, planes grouped, together within about 0-3/1 of each 

other and- each group being separated from the next by about 

The areas between the bands are comparatively free 

from dislocations. The configuration consists primarily of 

long lengths of straight dislocations which are apparently 

confined to their slip planes, and at the low level of 

strain introduced into the sample there is no development 

of any sub-cells'or tangles. 

Fig. VIII. 2(b) shows a similar band of dislocationsp 

but the foil is parallel to (011), the'primary slip plane 

of b. c. c. iron. From the observation, of discrete slip 

bands being present it seems that slip is restricted to 

certain planes, If this is true, then all of the disloca- 

tions within a given band will have the same Burgers vectorv 

except for changes of sign. Therefore, ' all of the disloca-- 

tione should disappear when'the corr . ýecV I imaging reflection 

is used (see Section VIII. 6). 'This phenomenon is'observed 

in Fig. VIII. 2(c) when the slip band structure disappears 

using the (21'T) reflection. This'confirms that the Burgers 

tha .t 'the dis- vector b is a/2 and consequently 

locatioris are screw in character is parallel'. to the line, 

of the dislocation). 
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The individual particles are only just discernable in 

the micrographs shown in Fig. VIII. 2 and so it is imPos- 

sible to tell the exact nature of the dislocation-particle 

interaction. However, no dislocation loops are present 

and the general character of the dislocations and the type 

of slip observed are consistent with the particles having 

been sheared during deformation. 

The restriction of clip in certain bands (coarse or 

planitary slip) is a feature generally associated with 

Particle cutting. This has been explained by Gleiter 

Hornbogen (1965) as arising because of the shearing of pre- 

cipitates in one glide plane lowering the resistance to 

further dislocations,, resulting in paths of easy deformati0h 

and therefore, inhomogencity of slip. A consequence of this 

type of deformation is poor ductility, which is frequent2y 

observed in the nitrided ferrites. 

Pig- VIII-3(a) shows the deformed microstructure,., afterý' 

nitriding the Fe-0.1at. %Nb alloy in IIIH : 99H at'550 oc, ý. 'ý 
32 

associated with a higher strain (2%). - A predominance of 
long,, straight.. screw dislocations'is observe d and, many of 
them appear to be pinned. In between'-the -long, 'dis, locations 

t. here is a considerable amount-ýof debris* 'The'larger dis- 

location debtis consists of elongated and equiaxed looPst 

which are thought to originate from the-points where the 

dislocations appear to be pinned. In places, * the process 

Of forming these pinched off loops can be se I en to be nearly 
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completed. 

Fig. VIII-3(b) is of a similar area taken with the 

foil orientated on-(011), the primary slip plane., and at a 

higher magnification. The longer lengths of dislocations 

are observed to be in <111> . The individual particles are 

also resolved in this micrograph and appear as coherent 

discs of about 5nm diameter. ulany dislocations appear to 

pass through the particlesq therefore, providing substantial 

evidence that the first formed particles (GP zonqs) in 

nitrided Pe-X alloys are sheared during deformation. 

Most samples of nitrided Fe-X alloys cannot be deformed 

to high strains due to their extreme brittleness. Only by ' 

nitriding at low potentials to produce a lower particle _ 
density, which is due to the incomplete precipitation of 

the substitutional solute, can tensile'samples be more 

extensively deformed. For example, nitriding the Fe-0-15 

at.. 5%V alloy in INH 3 : 99H2 at 575 0C only introduces'0.08at-P- 

Consequently, a lower volume fraction of zones forms, which 

enables the microstructure to be deformed to a higher strain. 

Pig. VIII-4 shows the dislocation arrangement in this alloy 

after 10% strain. Due to the greater work hardening, dis- 

-location tangles and cells start to form and individual dis- 

locations are observed to inter-connect these tangles. 

VIII. 5 Pe-X-li alloys containing precipitates 

Eitb, pr nitriding at temperatures above 6500C or ageing 



Fig. VIII. 4 



I "-" 



- 166 - 

the zones formed at low temperatures results in the pre- 

cipitation of the equilibrium alloy nitride. Figs. VIII. 

&6 show the dislocation interactions associated with the 

incoherent precipitates. 

Fig. YIII-5 is of the Ile-0-15at. y., V alloy nitrided at 

575 0C in 3NH3: 97H2. to form zones, and subsequently aged 

for various times at 7500C to precipitate incoherent VN. 

After ageing for 24 hrs., particles of c-- i8nm diameter are 

present. The dislocation network shows dislocations which 

are apparently looping some of the particles. Continued 

ageing for 60 hrs. (see Pig. VIII-5(b)) forms particles 

which show displacement fringe contrdst. The rectangular 

appearance of some of the particles is caused by their int- 

ersection with the top or bottom surfaces of the foil. 

The dinlocations appear to surround or go across the pre- 

cipitates. Although no individual loops are visiblel, it is 

evident that the particles have been by-passed, 

Similar types of interactions are observed after'nit- 

ridirg at high temperatures to -precipitate the equilibrium 

alloy nitride. Fig. vIII. 6 shaws the dislocation inter-- 

actions with NbN precipitates in the Fe-0.10at. TcNb alloY 

in two different foil orientations. Dislocations appear, to 

be tangled around the particlqs and some interconnect the 

particless although the exact mechanism of deformation can 

not be identified. The more random orientation of. dis-, 

locations in the presence of precipitates is indicative Of 

-easier dislocation movement. This explains why,., the alloys 
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are capable of allowing more work hardening, and conse- 

quently, why they are more ductile. Many dislocations pro- 

bably originate at the particle-matrix interface due to the 

necessity of maintaining continuity; this is because the, 

particles remain undeformed, as the surrounding matrix 

defarms. 

VIII. 6 Burgers vector analysis 

Dislocations become invisible in the electron micro- 

stope when the correct imaging reflection is used. If 

is the reciprocal lattice vactorl the condition for no 

contrasi is: - 

ra. b- 0009*000 

The criterion is not strictly applicable for edge dis- 

locations due to the presence of some minor atomic dis- 

placements perpendicular to b. However, contrast is weak 

for edge dislocations, and screw dislocations become .- 
invicible, In order to identify h, a series of micrograPhs 

is taken using different a vectors. From one or more of 

the vanishing conditioný't can be cal culated. In Figs. * 

VIII. 2(b) & (c), the dislocations within the localised, slip 
bands were shown to go out of contrast using a (2"fT) ref- 
lection, confirming that the dislocations have a Burgers 

vector of the type a/2' <111> i. e. they are screw dis- 

locations. 
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When dislocations in more than one orientation are 

present, only one set will disappear for a particular q.. 

The principle is shown in Fig. VIII. 7 for dislocations in the 

Fe-0-1 at. %Nb alloy containing zones. The foil is 

parallel to (011), the primary slip plane of b. c. c. iron. 

Fig VIII. 7 (a) shows the general dislocation structure 

without a strong 
_q 

vector. A primary set of long, straight 

dislocations are visible together with some shorter lengths 

in a different slip system. By tilting and rotating the 

foil, images of the dislocation structure can be obtained 

using different a vectors. For example, using the 

reflection the primary dislocations are still visible and only 

by using the (211) reflection do the dislocations disappear 

(see Fig. VIII. 7(c)). Therefore, applying VIII. 1 they must 

have ab of either a/ 2 [111] 
or a/2 (111] Consequently, 

the dislocations can be identified as screw dislocations 

with a Burgers vector of the type a /2 <111>. 

VIII. 7 Discussion 

There are two ways in which dislocation, structures observed 

in thin foils may be unrepresentative of bulk material: - 
Dislocations may be lost or're-arrange themselves on', 

thinning due to relaxation of long range stresses. 

Some dislocations may be introduced by mechanical'. 
deformation during the foil preparation. 

However, it is generally accepted that the reproducibili-ty 
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of dislocation arrays gives a true -indication of the actual 

structure, any , peculiar or anomolous observations probably 

being artefacts. The structures observed in deformed Fe-X-N 

alloys are reproducible and any misinterpretation or anomo- 

lies due to foil preparation are considered to be unlikely 

because the nitrided ferrites are hards stable structures 

at room temperature. 

An examination of dislo'cation configurations and inter- 

actions with dispersed particles assists in obtaining an . 

understanding of the prevalent deformation, mechanismt since 

the most fundamental aspect of second phase particles is 

the way in which they behave dur ing deformation. ' Transmis- 

sion electron metallography enables these interactions to' 

be directly examined. 

I 
It is generally accepted that smalli coherent particles 

are cut by dislocations during deformation; partially co- 

herent particles are sometimes cut, whilst incoherent part- 
Icles remain unchanged. However$ full coherency in itself 

is not a sufficient'criterion to establish particle'euttilig; 

the binding energy, size and spacing of the particles are 

also important parameters. Kelly & Nicholson (1963) con- 

cluded that generally, coherent particles up to, 20nm diam-'--'ý 

eter-are cut and larger, particlesl which initially resist- 

shearing, may deform at-higher strains. Some ohearing'of' 

smaller particles,. is,, even possible when the flow stress is 

controlled by the looping or by-passing of particles. Most 
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of these conclusions are based on studies of dislocation 

interactions in Al-Cu alloys (Nicholson et al 1960) and 

other f. c. c. age hardened alloys. 

Particle cutting is often characterised by a low dis- 

location densityp and the occurrence of dislocation pairing 

or- banding. These observations have been noted in many 

age-hardening sYstems prior to and at peak hardness. 

Overaged precipitates are generally associated with higher 

dislocation densitiess with the precipitates being sur- 

rounded by dislocatýon loops-or tangles. 

Prom the present investigation it appears that the 

smallp coherent dJEc--shaped zones are sheared during deform- 

ation. - Continued deforpationg when possible., results in 

the formation of dislocation tangles and cells. . Overageing 

the particles to a size where the equilibrium precipitate 

can be identified results in dislocatioLs looping or by- 

passing the particles. Complex tangles-I. -form around the 

larger incoherent precipitates as a result of the particle, ý- 
matrix interface providing further dislocation sources. and 

anchoring points for-the multiplication of dislocations. 

When the particles-are sheared,,, -bands of high dislocation 

density form on planes* The dislocations within,.,, 

the band are ecrew in character, andhave a Burgers vector', of 

the type a/2 
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The -dislocation vabstructures associated with the 

zones provide substantial evidence for particle shearing. 

The planarity Of Blip is considered to be evidence for 

cutting and this feature would explain the extreme brittle- 

ness of Fe-X-N alloys at peak strength. Gleiter &. Hornbogen 

(1965) proposed that the reduction in ductility arises 

from crack initiation where slip bands intersect with one 

another and with grain boundaries. 

The exact nature of the dislocation-particle interaction 

is difficult to identify in the presence-of zones. The 

width of the dislocation images varies from 4-10nm, whereas 

the particles are only 5nm diameter and two or three atom 

planes thick. Veverthelessp it would appear that the dis- 

locations pass through some of, the zones shown in Fig. VIII. 

3(b). The general character of the type, distribution and 

orientation of dislocations supports this deformation-) 

mechanism. 

Similar dislocation structures to those observed in 

Fe-X-N alloys containing zones have been observed in the 

low temperature deformation of iron (Keh & weissmann, 1963) 

and in single crystals of pure Fe-3rcSi'alloys (Low &- 

Turkalo, 1962). As in the present investigation, Low - 

Turkalo observed jogs on screw dislocations. - The jogs acted 

as pinning points for singld ended sources of new dis- 

locations and, depending on their separationg the edge dis- 
location trails pinched off to form debris of small-loops in 
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the slip plane. Because of the absence of second phase 

particles in the Fe-Si alloys, the jogs were explained as 

being due to the plane of maximum shear stress not being 

precisely aligned to the crystallographic glide plane. 

Jogs can form when particles are sheared because the 

slip planes in the matrix and particle are not parallel, 

the energy of formation depending upon the particl e size. 

The preferred direction of Jogs is perpendicular to the 

screw dislocations, i. e. in<211> and so they cause drag. 

This is a common feature in the deformation of all b. c. c. 

metals. The similarity in the dislocation structures in 

Pe-X-N alloys containing zones, is indicative of the same 

deformation mechanism occurring as in pure iron alloys. 

The only difference in Fe-X-N alloys is the much higher 

stress required to cause dislocation movement. 

Several other investigators have either observed or 

postulated that cutting of coherent precipitates occurs in 

iron base alloys. Smith (1966) observed that the dis- ' 

location network appeared to be held by coherent precipi-_-_ 
tates in secondary hardened Fe-i5rW - 0.2ýX alloys at peak 
hardness. Some particles were apparently lined up with 

dislocations passing through them. Baker (1973, ', b. ') thought 

that particle cutting contributed to the strength of temp- 

ered, control rolled low C-V-N steels, whilst Greday & 

Lamberigts (1974) assumed that particles of less than 7nm,,,,, 
- 

diameter were. sheared by couple-, of dislocations in disper- 



- 173 - 

sion hardened vanadium and niobium containing steels. 

Also, there is some evidence for particle cutting in the 

simpler quench-aged binary Fe-C and Fe-V alloys (liale & 

McLean, 1963; Keh, 1963). 

Considerable attention has been given to the age- 

hardening of Fe-Si-Ti alloys (Papaleo & Whiteman, 1971; 

Watson & Brown, 1974; Jack & Guiu, 1975). This system is 

similar to the nitrided ferrites in that peak strength is 

observed at a small particle size. There is substantial 

evidence to suggest that the particles are sheared at peak 

strength, since both planarity of slip and dislocation 

pairing have been observed. 

The transition from particle cutting to a by-pass mech- 

anism takes place at a specific particle size, but the uni- 

formity of charZ3 is gradual due to the range of particle 

sizes and spacings. There is evidence for such a change in 

Hornbogen's (1964) work on Fe-Cu alloys, although the part- 

icle size at which this occurs is not apparent. In Fe-X-N 

alloys, it is difficult to decide exactly when a change in 

-mechanism actually occurs, although from the microstructures 

observed, it would appear to be within the particle size 

range of 10-15nm diameter. 

Therefore, from the resillts of the present investigation 

and numerous other investigations it is apparent that part- 

icle cutting occurs in alpha-iron containing smallt coherent 

particles and is associated with the maximum strength 
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increases. Indeed, the feature is not restricted to alpha- 

iron but is a common occurrence in all b. c. c. metals. 

Other investigators have observed similar dislocation struc- 

turen in age hardened Ti-Mo alloys (Gysler et al, 1974) and 

in irradiated niobium (Ohr et al., 1970). In the latter 

investigation the behaviour was ascribed to the migration 

of interstitial impurities to defect clusters, which streng- 

thened them as effective barriers to slip dislocations. 

VIII. 8 Conclilsions 

a) The dislocations associated with zones are'similar 

to those observed in Iron alloys, without ar, y second phase 

particles, and to pure iron deformed at sub-zero temperat- 

ures. 
Bands of dislocations on (1103",, 

are observed at 

peak strength. -They are a consequence of the high yield 

strength and are a feature associated with particle shear- 

ing. This type of deformation favours crack nucleation at 

low macrostrains and explains the extreme brittleness of 

Pe-X-N alloys at peak strength. 

c) The dislocations are screw in character with a 

Burgers vector of the type a/2. 

d) Numerous jogs form on the screw dislocations which 

are pinched off to form dislocation debris. The debris is 

often visible as elongated or equiaxed loops. 

e) A change in deformation mechanism from particle 

shearing to looping or by-passing occurs when the zones are 
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from 10-15nm diameter. 

f) Overageds incoherent precipitates are acsociated 

with dislocation tangles at and around the particle-matrix 

interface. 

. IP 
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Chapter IX 

STRENGTFET"ING MECHAVISMS IN Fe-X-N ALLOYS 

IX. 1 Introduction 

The yield strength of a metal containing dispersed 

second phase particles is determined by the interactions 

which occur between moving dislocations and particles. There 

are two main ways in which the strength can be increased: 

i) The particles act as impenetrable barriers to dis- 

location movements forcing the dislocations to by-pass or 

bovi out between them*(Orowan hardening). 

ii) The particles are sheared before the Orovian stress 

is reached, the strength deriving from the additional work 

required for the dislocation to shear the particle. 

When coherent particles are precipitated it is usually 

easier for slip dislocations to shear particles than to by- 

pass them. However, full coherency in itself is not a suf- 

ficient criterion for particle shearing because the size, 

spacing and binding energy of the particles are relevant 

parameters. 

Recent revievis of precipitation hardening include those 

of . Kelly & Nicholson (1963)s Gleiter & Hornbogen (1967)., 

Brown & Ham (1971) and Kelly (1973). For simplification, the 

4. notation used in these reviews for the various strengti-,. ening' 

mechanisms has been standardised and is shown in Table IX-1. 



TABLE IX. 1 

--l 

G shear modulus of matrix 
'Y poissons ratio 
b Burgers vector 
T line tension of dislocation line 

R mean particle radius (sphere) 

D disc diameter 
t disc thickness 

f volume fraction of dispersed phase 
Ir shear yield stress 

increment of tensile yield stress due to particles 
( =21e ) 

Nv number of particles/unit volume 

N number of particles/unit area 

L mean centre-centre planar spacing 
A 

effective interparticle spacing 

ro - dislocation core radius ( -2b) 

rs- mean planar radius inte. rsecting slip plane (sphere) 

X- mean area of intersection of slip plane 

mean intercept length 

6 particle-matrix mismatch 
Yp internal interface or anti-phase boundary energy 
zrs surface energy 
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Most strengthening models are derived for spheres, and 

thereforej suitable modifications to a system containing thin 

discs must be made whenever possible. The strengthening pro- 

duced by discs is greater than that produced by the same 

volume fraction of spherical particles due to the greater 

number of particles intersecting the slip plane. From the 

observations of the mechanical propetties and deformed micro- 

structures of Pe-X-N alloys, it would appear that strength- 

ening due to both deformable and non-deformable particles oc- 

curs at some stage during ageing. Therefore, the models for 

these strengthening mechanisms are explained in greater de- 

tail in the following sections. 

IX. 2 Strenýýtheninq by non-deformable particles 

Most precipitation hardening models predict that dis- 

locations can j? y-pass particles without shearing them be- 

yond a critical obstacle spacing. In this way, the particles 

remain undeformed and so no terms are necessary to describe 

the inherent properties of the particle. The initial re- 

lationshippredicting the yield stress was proposed by 

Orowan (1948): 

2T 
VE 4 0* 06004 

Puirerous modifications have been made to this relation- 

a 
ship by incorporating more refined-estimates of-the dis- 

location line tension, by allowing for the effect of par- 
icle size on the, mean planar interparticle spacing and by 



- 178 - 

taking into account the interaction of bowing segments. The 

combined additions give the currently accepted version of 

the Orman equation for spherical particles (see Kelly, 1973): 

0- 83Gb In (2R /ro 
....... (IX), 2 

'L 27ý (1-9 )' (L - ZR 

The equivalent expression for disc-shaped particles will be: 

0-83 Gb in -2/ro ) ........ (IX13 
I 27T( 2. 

where R is a measure of the particle diameter intersecting 

the slip plane and 
A is the effective interparticle spac- 

ing.. For aligned discs$ Kelly (1972) has shown that: 

3E -, . 
2D IX). 4 
'IT 

Therefore the increase in yield strength produced by 

disc-shaped particles due to an Orowan type deformation 

mechanism is: 

A 6", P 477 x 10 log (D /Hb )N /mm 
....... (IXI5 

An additional theoretical expression of the Orowan 

equ&tion for alloy systems containing elongated plate or b 
rod shaped particles of length, 1, and width, t. has been 

derived by Hirsch & Humphreys (1969): 

0- 83 Gb 

2 IT 

t in (t /r�, ) .. 

li 
(ix). 6 

However., L is the mean centre to centre planar spacing and 
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not the effective interparticle spacing, 
A 

- For disc- 

shaped particles it is probable that the minimum end to end 

spacing will control the strength, and to allow for this 

Kelly (1972) has developed an expression to calculate 
X: 

7r t00009000 (IX). 7 
1 p7i7 -7- 

where P 2D - t/2 
W- 

Using this expression in (IX16, Kelly has shown that an 

aligned array of thin plates can cause strengthening UP to 

three times that produced by the same volume fraction of 

spheres. 

IX-3 Strengtheninp-by deformable -particles 

For small, coherent particles it is likely that the en- ' 

ergy required to force dislocations through the particle 

will control the flow stress. Howevers there is no single 

equation which combines all the strengthening mechanisms and 

so the contribution from the various interactions occurring 

between dislocations and particles have to be evaluated. 

The resistance to shearing is controlled by numerous 

factors (see Kelly & Nicholson, 1963) which include: 

i) The interaction between moving dislocations and the 
-P 

coherency stress fields around the particles (coherency hard- 

ening) 
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The particle may be ordered internally and so-thq 

Burgers vector of the moving dislocation does not equal the 

repeat distance of the ordered structure. Thereforet work is 

required to create a disordered interface across the slip 

plane, which raises the energy of the system* This con- 

tribution to strengthening is called chemical or order 

hardening and the new interface has an"energy, 
Xp, 

iii) The 3nttice parameters of the matrix and particle 

may be different, so that extra work is required to form 

misfit dislocations at the interface (surface hardening). 

If the slip plane of the particle is tilted with respect to 

the matrix, additional energy will be required to form jogs 

as the dislocations pass through the particle. 

It is apparent form transmission electron metallograPI7 

that the zones In nitrided Fe-X alloys are associated with- 

large coherency strain fields. Therefore, coherency harden- 

ing may make a zarked contribution to the yield strength. 

A quantitative estimate of the strength increases produced 

by spherical particles has been made by Gerold &.. Haberkorn 

(1966): 

(IX)08 

The maxinmm interaction occurs at small distances from the 

particle. The equation is derived for spheres and its ap- 

'Plication to thin discs is restricted in view of the varying 
0 

degrees of strain at the plate interfaces. 
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An alternative method of calculating the stress f ield 

of thin disc-shaped particles has been made by Kelly & 

Nicholson (1963). The stress necessary to force dislocations 

through particles intersecting the slip plane is found by 

regarding the stress field as being equivalent to a loop of 

edge dislo. cation, and applying a calculation made by Saada 

(1960). The force required to move a dislocation through 

the particle is then equivalent to that required to move it 

through a forest of dislocations intersecting the slip plane. 

The applied stress, t'f is given by: 

5L 
***09000 (Ix). q 

where L is the average separation of fixed dislocations and 

bp their Burgers vector. In applying this result to part- 

icles ('of separation L on the slip plane), bp is taken as 

the discontinuity in elastic displacement obtained when a 

Burgers circuit is made through the particle and matrix. 

Numerous estimates have been made for determining the 

stress required to force dislocations through particles. 

However, the process in itself consists of several individ- 

ual components. Kelly & Nicholson (1963) estimated the con- 

tribution to the yield stress by equating the work done in 

moving a dislocation forward a distance b to the individual 

short range interactions. The particles are of average 

separation L, and of average length 1 on the slip plane. 
0 The individual componen, ts are: 

The work done in disorlering- 
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ii) The energy of the new surface interface =( b, 'n )bYs 

where n is a unit vector normal to the interfade. 

ý iii) The energy required to increase the length of the 

dipole of edge dislocation arising from the production of 
13 11 

jogs when the dislocRtion enters the particle; Z, Gb 
2 

Cos---, -- 

where c4. ia the angle between the moving dislocation line 

and its b. 

Therefore, 

j2 IW -b + (b, n)bY3 +G COS ýx ix). i 0 Pl --i- 

Applying thic relationship for thin diSC-Bhaped particleB 
(Bee Pullman, 1953): 

I 
Lz and 2t 

Putting these values in (IX). 10: 

+2fn 
ds 

+ Gb co (IX). i 1 p (1ýý )j 
1 Dt b JU 

'b' 
2 

0 

More accurate determinations of the individual components 
have been made. Ham (1968) calculated the average particle 
breaking strength for finitel ordered spherical particles to 
be: 

IX). I 2 
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Ham's model is derived for spheres and so it is neces- 

sary to modify the equation to estimate the strength in- 

creases produced by discs. 
- 

In order to do this, the same 

approach as Ham used for spheres is adapted: 

The Priedel relationship may be stated as, 

S. N =1 00090000 

Where S is the area swept out by the dialocation when re- 

leased from the obstacle and N is the number of particles 

per unit area. 

For spheres, Ham obtains: 

000 IX). l 
L 

An equivalent term for r. is required, the mean planar ra- 

dius of the sphere intersecting the slip plane. The mean 

intercept length of a thin disc is 2t (Pullman, 1953). 

Therefore, the distance t will be comparable to r. 

Substituting t for r. in. (IX), I 4 and putting N= -C /Dt 

equation (IX), 13 becomes: 

2t dr ýýi2. 

Substituting T G` ln ]MIT b. 

, 47TO --42- 
the strength increment due to shearing is'.: 

V 

9-236 t--(ýP) 2- 
ff 

G' bý ln NO Dj 

(Ix), 15 

IX). l 6 
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Obviously, in view of the numerous expressions avail- 

able it is difficult to identify Which particular process 

predominates when particles are deformed. Also, there may 

be some doubt as to the validity of the expressions due to 

the very thin nature of the particles. 

IX-4 Application of theories to Fe-X-N all6ys 

The most informative results of the variation in yield 

Btrength with particle diameter have been obtained in the 

nitrided Pe-O. i5at. I%oV alloy (see Fig. IX. 1). After nitrid- 

'i ing in 31M3: 971 12 at 5750C the alloy contains 0.20at. 0%'N and 

zones of. - 4nm diameter. The zones were subsequently aged 

in argon at 7500C for various times to produce the range of 

particle sizes. The strength increases, which exclude the 

contributions made by nitrogen in solid solution and the as- 

annealed strength, can be attributed solely to the precipi- 

tated particles. From the general shape of the curve it 

would appear that more than one strengthening mechanism is 

prevalent over the full range of particle sizes. The ob- 

servations made from the deformed microstructures suggest 

that a change in deformation mechanism occurs when the part- 

icleB become incoherent (10-15nm diameter)-, and it is at 

sizes above this that the strength continuously decreases as 

the alloys overage. 

In order to demonstrate if a change in the deformation 

mechanism occurs it is necessary to plot the yield strength 
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against a relevant paramet6r. The Orowan medhanism, which 

will control the strength of overaged particles, is prop- 

ortional to 
1/L. 

For thin discs: 

Dt 

Therefore, the Orowan stress will be proportional to the 

reciprocal of the disc diameter if the disc aspect ratio, 

is assumed to remain approximately constant. Most strength- 

ening mechanisms for deformable particles predict a dif- 

ferent dependence on-Particle diameter. Consequently, if a 

change in mechaniom occurs the strength should not be prop- 

ortional to D_' for the entire range of particle sizes. 

Pig. (IX)2 shovis the results for the Fe-V-N alloy. - A dis- 

continuity in the. graph occurs at a diameter of about 15nm, 

inferring that a different mechanism controls the strength 

below this particle size. The chan7e in slope is substantial 

and an inspection of the results shows that it is not due to 

the approximation made in predicting a D-1 relationship. 

Any discrepancy'could stem from the fact that the disc as- 

pect ratio is less at small diameter: ý. 

Accurate determinations of the Orowan stress for disc 

shaped particles are complicated due to the'necessity of calc- 

ulating the effect-ive interparticle' spacing, which is depen- 

dent on the disc dimensions and volume fraction of pre- 
cipitated phase'. Fig-'IX-3 shows the relationship between 

'the yield 8trength-and the, effective*-spacing, using equation 
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(IX). 5 for particles having different disc -diameters. In 

order to predict the strength for a particular Fe-X-N 

alloy it is necessary to assume that all of the substitut- 

ional solute is precipitated as particles with an X: N ratio 

of 1: 1, T. o calculate 
A. the mean centre to centre spac- 

ing is obtained from (IX). 17 and then this value -is used in 

(IX17. Por the Pe-O. i5at. c%5V alloy at peak strength, is 

found to be about 25nm, predicting an Orowan stress of 450 

NAM 2. This is below the observed strength increment (530 

, Vmm2) 
,a result'which is unexpected since the Orowan'stress 

should be higher. 

Possible reasons for the low value could arise from the 

inadequacy of the equation or from an underestimate of 
A9 

The initial discs are so small that many of the particles 

are only just discernable in the electron microscope and 

therefore, the particle size is probably overestimated, re- 

sulting in X 
also being an overestimate. 

The initial zones become incoherent at 12-15rim diameter 

and at sizes beyond this the Orowan mechanism'can be expected 
to be prevalent. At a disc diameter of 15nm the' observed 

strength increment is ý8ON/mm2 whereas the predicted or'owan 

stress-from Pig. (IX)3 is in the range 250-30ON/mm 2 
e. - 

an underestimate of at least 20%). 

Therefore, it is apparent that the Orowan equation (IX). 

5 underestimates the i -strength produced by thin discs'. " Cal- 

culation of the Orowan streas using (IX16 gives even lower 
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values. Strength increments varying from 120-44ON/mm 2 
are 

obtained for the initial zones depending upon the log term 

used; very low results are obtained when the disc thickness 

is used. 

The difficulty of using an Orowan relationship for such 

very small particles as are observed in the nitrided fer- 

rites is that small changes in the particle size markedly 

effect the interparticle spacing, causing large differences 

in the predicted values. However, the equations even pre- 

diet low strengths for overaged particles. This couldl, partly 

be eXDlained as being due to the log term representing an 

overcorrection of the dislocation line tension (see Kelly,, 

1973) 1 

An evaluation of the. strengt'. Ii increases produced by-de- 

formable particles cannot be accurately made because of the 

unkno7m energy values. An alternative method of using the 

equations is to equate the terms to the observed strengths 

and calculate the pertinent energy necessary to cause the 

strengthening. 'Further complications arise from the un- 

known contribution form each individual mechanism,, making- 

it necessary to asaume that a single process contributes to 

all the strength increase. . 
Also, the - values can only-. be 

, 
approximations because, the equations are of doubtful valid- 

ity in view of the very thin nature of the particles. 

Assuming that all the terms in (IX). 11 are zero except 

for then the energy required to pred ict the observed 
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yield strength of the as-nitrided Pe-0.15at. c%V at Deak str- 

ength is 1 350 ergs /cm 2. Using equation (IX). 16 a similar 

value of 19520 ergaj& 
2 is obtained for 

XP 
- Alternatively, 

if all the strength derives from surface hardening, then 
X8 

2 (as calculated from (IX). 11) would be about 17,000 ergs/cm 

The values are those necessary to predict the strength 

from a single deformation mechanism. If, more than one 

mechanism prevails the energy will be lower; therefore, the 

values represent an upper limit of the energy for the in- 

dividual process. 

Estimates of the strength produced by coherency stresses 

using (IX). i 8 range from 70IVmm 2 (2; o'misfit) to 3 OOON/mm2 (40 

% misfit). The values are calculated using the disc, diameter 

for the 2% misfit and the disc thickness for the-large-misfit 

region. Despite the uncertainty arising from the varying 

strain at the plate interfaces, it is eVident that some con- 

tribution to the strength can be expected. 

The Kelly & Nicholson (1963) approach for, the stress 
field of thin discs (eqn. (Ix). 9) predicts strength increments 

of 13011/mm 2 
using bp=o. lnm. A detailed estimate of the '' 

strength arising from this method is impossible to attain in 

view of the uncertainty of the value of b pe 
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The most informativa results on the size and structure 

of the initial zones have been observed in the Fe-Mo-N 

syste, m. From f ield ion metallography (see Fig. 11.9) the 

zones are clearly imaged as discs of about 12nm diameter by 

i-5nm thick. The effective end to end spacings are observed 

to be as low as possiblY, 4nm. These observations enable 

many of the theories developed for strengthening by discs to 

be evaluated. From (IX). 17 the mean centre spacing is 17nm, 

so that using (IX). 7 the effective spacing becomes 10nm; 

this is observed to be an overestimate. From Fig. (IX) 

the Orowan strength for the nitrided Fe-3.0at. %Mo alloy at 

peak hardness will be from 2,000 - 5,000 N/mm 2 depend 
* 
ing 

upon whether the calculated or observed spacing is used. 

The increase in microhardness (V. P. N. ) is 750 kg/mm 2. 
so the 

2 
yield strength can be expected to be about 29250 N/mm 

-. 911, 

Using this value in the equations for chemical hardening pre- 

dicts that a Yp value of about 1,600 ergs/cm2 would be nec- 

essary to produce this strength. increase. The value is very 

similar to that obtained for shearing the zones in the Pe- 

0-15at. 1%V alloy. 

IX-5 Temperature dependence of the yield strength 

The yield strength of the nitrided Fe-0.15at. %V contain- 

ing coherent particles has been shown to be v-ery temperature 

dependent (see Fig. VII. 10). It is thought that this arises 

due to the prevalent deformation mechanism. Orowan harden- 

ing is not expected to produce a large temperature'dependence, 

whereas when short range' interactions control the yield 



I- 190 - 

strength thermal activation is expected to facilitate the 

process of shearing. 

The temperature dependence of the yield strength has 

been analysed following the model of Kelly & Nicholson (1963)o 

Por a dislocation to overcome the resistance of a barrier 

(e. g. a GP zone) in the absence of an applied stress, the 

energy of the system is incrdased by Uo . The stress re- 

quired to reduce Uo to zero is To. If the dislocation 

moves under an applied stress, r, the variation of the 

energy of the dislocation with distance is given by: 

u (x) m u0 11 blo V, x seegeo(IX)o 18 

+exp x/. xo 

where 1. is the separation 'of particles on the -.; QUp. 'pjane, 

The potential to be overcome is reduced to 

u (X2. ) - 

where x2 and xI are the roots of the equation 

U (x) 

dX 

Solving this equation, U is given by. 

U= Uo blo)(, 6, r Jn t 

.I-F 1000 (ix), i 9, 

where xo is the width, of the barrier to be surmounted and, 
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-ro UO 
01 0ý 0 

If the temperature dependence of the flow stress is 

large ("r<<rrO) then (IX). 19 reduces to: 

Uo -7 4bloxo T 
oeoo (IX). 20 

The measured flow stress, which is related to the 

energy required for a dislocation to shear an obstacle, is 

found by using the strain rate equation: 

Go exp - U(T) 
ooo 

RT 

Substituting (IX120 in (IX). 21 ana putting V= 4blOX0 

UO - kT lngo 
T -v T- 

ooot (IX). 22 

where 'V is called the activation volume and ý, is a material 

constant. Therefore, when the tentper. ature dependence of the 

yield 8treS8 is large a plot of T against T should be linearg 

with an intercept of UY19 

Fig. (IX)4 shows the results obtained for the zones in 

the nitrided Fe-0.15at. %, V alloy. The back extrapolation is 

artificial since it neglects the effect of temperature. on 

the lattice friction stress'; however, this should be un- 

important as it it the value for the shearing process above,,,, 

room temperature which is of interest (. each thermally act- 

ivated process: will. have its own -U value), From Fig 
0 
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the value of Uo/y is 3751,1/mm 2. It is possible to eBtimate 

V from the zone size and distribution. For spherical zones 

it is given by 2 rblo , i. e. xo = r/2 where r is the zone 

radius. For thin discs the value of xo should be related 

to the zone thickness and not its diameter. 

Putting V=2 tblo for the initial coherent zones gives 

V values from 8.34XIO- 21 (for t=0.6nm) to 1.82xi 0720/cm3 

. 
(for t= Inm) using a c-onstant obne diameter of 4nm. 

Thereforep UO is in the range 3.13xIO-11 - 6.79xIO-11. ergs, 

if U0 is the energy required to shear a zone'by one 

interatomic distancev the value ofy is: 

U0 (IX), 23 

Dt 

Therefore, Y is from 1300 - 1700 ergs/cm2, which agrees 

favourably with the value calculated for shearing the zones 

using (IX). 11 & (IX). 16. 

IX. 6 Discussion 

The variation in yield strength with ageing time (or 

0 

Particle diameter) for a typical age-hardening alloy is shown 

schematically in Pig. IX-5. The strength increases until. a 

maximum is reacheds remains approximately constantg and then 

decreases as the alloy averages. Generally, a change in 

deformatiozmechanism from 1prticle cutting to loopin g occurs 
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at.. or just beyond, the peak strength. The behaviour of the 

nitrided Fc-X alloys is different (Bee Pig. IX. 1 ), since the 

maximum strength is observed at the smallest particle size. 

Upon ageing, the strength decreases rapidiy at first and 

then remains approximately constant before decreasing as the 

alloy overages. 

Calculations of the Orowan stress for the fine, co- 

herent platelets predict strengths below the observed strength 

increases. However, when the particles become undeformable 

and an Orowan type deformation mode almost certainly pre- 

dominates, the predicted strengths are at least 20ýo' too low. 

Therefore, the Orowan stress for the initial zones Is prob- 

ably a conciderable underestimate. 

A possible explanation for the low values is the log 

term in the Orowan expression, which approaches zero for very 

small particles. The term originates from calculations of 

the the dislocation line tension as 1n 
A/rO 

and is replaced 

by the smaller value ln x /r. in order to allow for the mutual 

interaction of bowing segments. However, this has been 

shuwn to represent an over correction for these interactions 

(see Kelly, 1973) and consequently, low values are predicted. 

Although Gladman et al (1971) showed that the st reý'n . gths - 

of finely dispersed second-phase Particles in steel'-s'obey'ed" 

0 the Orowan-Ashby (1964) equation, Baker (1973'b ) found that 

the relationship did not account for the strength increases 
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produced by the precipitation of similar particles in temp- 

ered. 9 control-rolled steels. The application of the equation 

to commercial steels is difficult in view of the wider ranges 

of particle sizes and morphologies, and because of the un- 

known volume fraction of particles precipitated in a finely 

disp ersed formp Further errors may arise from the exact 

value of 3 uEed in (IX). 3. This term should describe the 

average particle diameter intersecting the slip plane, which 

is not the same as the actual particle diameter. In view of 

these considerations it is thought that any agreement to an 

Orowan equation for finely dispersed, coherent particles is 

coincidental. 

Rhen particles precipitate as a coherent second-phase 

they are usually deformable, whereas the Orowan relationship 

is developed for incoherent particles which remain undeformed 

at least initially, during deformation. From the results of 

the present investigation it is apparent that the coherent 

platelets in nitrided Fe-X-alloys are deformable and that a 

change in deformation mechanism occurs at a similar particle 

diameter as when coherency is lost k12-15nm diameter), 

There is no single equation which combines all the 

strengthening mechanisms for deformable particles. However, 

Wicholson (1971) has advocated that the yield strength of de- 

formable, spherical paticles is represented by a relationship 

of the form: 

K.. R fb 

000000o0 (IX) . 24. 
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2- 
c< -2- and K is a material where O(a44, *L-<b*< 'I/.,. 2 

constant. Therefore, the strength is strongly dependent on 

A E, the irreversible energy charge occurring when particles 

are cut, and will be maximised when. &E is large (i. e. when 

the forces of interaction between dislocations and particles 

are as larpe as possible). Expressions for coherency harden- 

ing are similar to (IX). 23 withAE replaced by C, the misfit 

strain. The exact role of coherency hardening is'difficult 

to evaluate for thin discs in view of the varying strains 

at the disc interfaces. Vevertheless, the strain is ob- 

served to decre4se rapidly as the particles grow (see Fig. 

VI. 11), and therefore could. partly explain the initial 

ntrength decrease. 

Although equation (IX). 24 infers that the strength in- 

creases with increasin8 diameter it has been suggested that 

the maximum strength occurs at the finest possible size' ' 

when chemical strengthening predominates (Brown & Ham, 1971). 

When the expressions are modified to a system containing thin 

disc-shaped particles it is apparent why this may occur since 
ItI the strength is proportional to ( t/D)2 or /D2. '' Therefore, 

if the disc aspect ratlo increases during particle'growth"an'd 

the other parameters remain constant, the strength will de- 

crease. 

For example, if the ýp 
valuc calculated forlthe -itial in 

2 
-IP zones (1350 ergs/cm ) is used in (IX). 11 for the same volume 

fraction of 10nm diameter by inm thick particles't'he ex-ý-'' 
pected strength increase is 375N/mm2. ' This is very close' I 'to 
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the observed strength of particles of this diameter. Similar 

calculations using a constant surface energy term predict an 

even larger strengthýdecrcase during partic16 growth. and 

therefore, if either of the mechanisms predominates in Fe-X- 

N alloys, an initial strength'decrease will occur as the 

zones coarsed. 

An additional reason for the initial strength decrease 

could arise from a. change in the volume fraction of. part- 

icles. In classical age-hardening alloys ksee Fig. IX-5) the 

initial strength increase is partly due to increases in the 

volume fraction of particles. However, in Fe-X-N alloys 

the volume fraction is probably at a maximum as soon as the 

zones are formed and could actually decrease-on ageingf.: due 

to the rejection of iron and/or nitrogen. 

In view of these considerationsg possible reasonz for, 

the apparently anomolous feature of the maximum strength. 

occurring at the minimum partible size are: 

The disc aspect ratio increases on ageing, 

ii) The volume fraction of particles decreases, and 

The rapid decrease in coherency strains during the',, 
-,, 

initial stages of particle growth. 

An exact evwluation of the short range interactions can- 

not be made due to the number of possible contributary mech- 

anisms. The problem arises. in how to combine more than one 

strengthening mechanism for deformable particles, or whether 

the strength should be considered to derive solely from the 
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strongest obstacle. However, this is an area of research 

which has received little attention. The results of the 

present investigation suggest that the strength of the zones 

derives from chemicals surface and coherency hardening mech- 

anisms, the net effect being that the maximum strength in--- 

crease is obtained at the minir. m4i particle size. Although 

the contribution from each mechanism is unknown, all of these 

mechanisms predict that the strength is proportional to the 

square root of the volume fraction of precipitated particlesv 

which is-observed for Fe-X-LI alloys containing coherent part- 

icles (see Fig. VII. 6). 

The poor ductility of nitrided ferritic alloys at peak 

strength can be attributed to the-presence of deformable 
41 

particles. Lutjering & Hornbogen (1968) have proposed that 

the precipitation of very fine-nitrides or carbides will 

strongly influence the properties of iron alloys. TheY-POD-- 

tulated that shearing Of the particles in one glide plane 

lowers itu resistance to furtLer dislocation movement com- 

pared to parallel planes, leadin&to'paths of easy deformation, 

strain inhomogeneity and increased tendancy to fracture. This 

tendancy is expected. to increase with increasing volume frac- 

tion of precipitated phase, which satisfactorily explains why 

Fe-X-N alloys containing higher volume fractions of particles 

are extremely brittle. When particle shearing is the'opera- 

tive deformation mechanism other age-hardened bo'c. c'. metals 

are observed to be extremely brittle. For example'g- thi .S 

occurs in age-hardened titanium a-Lloys (Blackburn &"Nilliams, 
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1969; Gysler et al, 1974) and in Fe-Si-Ti alloys ( Papaleo & 

Whiteman, 1971; 'Natson & Brown,, 1974; Jack & Guiu, 1975). 

ThereCore, the feature appears to be common to b. c. c metals 

containing finely dispersed, coherent second-phase'particles. 

The high initial strength of Fe-X-N alloys containing 

coherent particles can be explained if energy values of 

. 1,500 ergS/cm 
2 

are used in the modified chemical strengthen- 

ing equations. Specific interfacial energies have been meas- 

ured calorimetrically by Boyd & Nicholson (1971) for the Al- 

Cu system. The mean interfacial. energies were 530(max) ergs/ 

cm 
2 for ell and I# 530 ergs/cm2 for E) 19 

although the peri- 

pheral energy of 01 was expe cted to be about 21,500 e rgs/cm 
2 

These values were much higher than expected, but were believed 

to be a true indication of the real value. In age-hardened 

Fe-Si-Ti alloys energy values iýanging from 500 ergs/c2 

(Schwarz & Ralph, 1969) to 1280 ergs/cm 
2 (Brcwn & Whiteman, 

1969) have been assumed to explain the high strengths, whereas 

other calculations by Papaleo & 'Uhiteman (1971) claimed that 

900 ergs/cm 
2 is an underestimate of the actual value. In 

view of these findings it doea not seem unreasonable to 

assume that the zones in the nitrided ferrites have an inter- 

facial energy of'19500 ergs/cm2. 

0 

The energy required to shear the zones in Fe-0.15at. ý,, V 

calculated from the temperature dependence of the yield 

strangth is also of' a siiailar, value. Therefore it is con- 

sidered that the major part of the strengthening is of a. 

chemical naturet deriving from the creation of a new interface. 
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as the particles are sheared. 

Upon consideration of the strengthening mechanisms, 

deformed microstructures and general properties of Fe-X-14 

alloys at peak strengthl the following observaýions give 

support to*the supposition that the zones are sheared during 

defbrmation: 

i) The maximum strength occurs at the minimum particle 

size; 

ii) The strong temperature dependence of the yield 

strength; 

iii) The extreme brittleness of. the alloys at peak strengt1i; 

iv) The discontinuity in the yield strength obtained for 

particles in the size range 4-i2nm (coherent) when plotted, 
las 

a funation. of D-1; and 

ir) From the electron metallography of deformed micro- 

structures planar slip bands, low dislocation densities, jog 

formation and a predominance of longg straight screw dis- 

locations on ýI 101,,, with a Burgers vector of a/2. <111) are 

observed. 

0 
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The zones in nitrided Fe-V and Fe-Eb alloys become in- 

coherent at. -,, -, 
12nm diameter and it is below this size that 

the particles are believed to be deforniable. Numerous other 

investigators haveassumed that particle cutting occurs in 

ferrous alloys. Baker (1973 b) proposed that the initial 

particles are cut in tempered low C-V-N steels because the 

Orowan eqUation does not explain all of the observed strengths; 

whereas. Greday & Lamberigts (1974) claimed that particles of 

less than 7nm diameter in dispersion hardened vanadium and 

niobium containing steels are sheared by couples of dis- 

locations. Gray (1973) observed that the strength increased 

do-un to the cmallest particle size (2nr, ) in precipitation 

hardened niobium steels. A plot of strength against 

showed a discontinuity at-, 12nm diameter (similar to Fig. IX. 

2) although it was thought that this was too large a'size 

for particle cutting to be predominant. Other researchers 

have either obtained tentative evidence (Smith, 1966) or pos- 

11 

'imcoe et al 1968) that coherent particles are. sheared tulated (-U 

in secondary hardened steels. 

Qualitative interpretation of the yield atrengt, h from 

structural observations often presents difficulties, but they 

are enhanced in precipitation hardened ferrous alloys because 

of the morphology, sizeq distribution and unknown volume' 

fraction of second-phase particles. Neverthelesss the results 

of the present investigation provide substantial evidence to 

suggest that the coherent particles in the nitrided ferrites 

are sheared during deformation. 
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In Brown & Ham's (1971) review of strengthening mechanismst 

it was concluded that when chemical strengthening arising 

from the breaking of chemical bonds and the creation of a 

new interface was dominant for thin plate-like zones, such 

as GP zones in Al/Cu or Cu/Be, coherency hardening was minor. 

A similar explanation would account for nurnerous features 

observed in the deformation of zones in Fe-X-N alloys, even 

though this necessitates the use of high energy values. 

Ilevertheless, in view of the strong nature of the sub- 

stitutional interstitial bond stren&th it seems probable that 

the values will be higher than in most other age-hardening 

alloys. Consequently, the high initial strengths of the 

nitrided ferrites can be explained if the interfacial energy 

of the zones is 1,500 ergs/cm 
20 

0 
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IX-7 Conclusions 

a) The Orowan relationship underestimates the strength 

of Fe-X-N alloys containing both overaged, and small coherent 

particles. 

b) The yield strength shows a sharp discontinuity when 

plotted against the reciprocal of disc diameter at a diameter 

of l2nm, inferring that a change in deformation mechanism 

occurs at this particle size. 

c) An extension of the chemical and surface hardening 

equations to an alloy system containing thin discs explains 

why the maximam strength can occur at the minimum particle 

size. 

d) The initial strength decrease occurring as the zones 

coarsen can be attributed to changes in the disc aspect ratio, 

coherency strains or in the volumeTraction of particles. 

e) The major part of the high initial strengthening is 

of a chemical natureg deriving from the creation of a new 

interface as the particles are sheared. 

The strong temperature dependence of the yield 

strength arises from the energy required for dislocations to 

shear the thin disc-shaped zones. 

g) The energy values obtained from the- chemical' 

strengthening equations and temperature dependence of the 
2 

yield stress are about 1,500 ergs/cm The high value is 

indicative of. -the presence of very strong particles being 

precipitated. 

h) The poor ductility of the nitrided f errites is 
-a con- 

sequence of the particles being sheared during deformation. 
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Chapter X 

. 
QH'NERAL CONCLUSIOUS 

Constant activity nitriding binary iron alloys contain- 

ing strong nitride forming elements as the substitutional 

solute produces a homogeneous dispersion Of fine, coherent 

disc-obaped particles on the ferritd cube planes. The first 

formed particles are analagous to GP zones in Al-Cu alloys 

and overage to the equilibrium precipitate through a pre- 

cipitation sequence which may involve intermediate stages. 

Anomolous internal friction characteristics are assoc- 

iated with the homogeneous precipitation. VIhen, small part- 

icles are precipitated both the Snoek and sub stitutional-inter- 

stitial interaction peaks are nqgligible. However, an ab- 

normal internal friction peak occurs in the ranSe 150 - 230 0 CS 

the peak moving to higher temperatures as the structure coar- 

sens. The high temperature peak is_broad and assymmetric and 

is believed to be due to the movement of the less firmly held 

nitrogen atoms in the strain fields around the pre6ipitated, 

particles. During the initial stages of precipitationýaddi- 

tional damping is observed, which can partly be.. explained,., as 

arising from the movement of nitrogen atoms in-the-vicinity 

of the substitiutional solute. 

The precipitation of stable GP zones in alpha.. 7iron pro- 
0. 

duces a now method of strengthening ferrousalloy, s_.,, - Large 

strength increases are observed even in dilute Fe-X-N alloys 
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because a uniform distribution of small, coherent particles 

is precipitated. The coherent particles are thought to be 

sheared during deformation, and a change to an Orowan type 

deformation mechanism occurs when the particles become in- 

coherent. The yield strength is proportional to the square 

root of the volume fraction of particles, is strongly depen- 

dent on temperature, and the maximum strength is achieved at 

the smallest particle size. 

Electron metallography of deformed alloys containing 

zones shows that slip is predominantly on ý100)cK 
and dis- 

locations (mainly screw in character) have a Burgers vector 

of a/2 <111>. The dislocation substructure is similar to 

pure iron deformed at low temperatures and the occurrence of 

dislocation banding is indicative of the particles being 

sheared during deformation. 

Interpretaticn of the structure-property relationships, 

although to some extent speculative, gives some agreement 

between theory and practice. The major part of the high 

initial strengthening is thought to be of a chemical nature, 

deriving from the creation of a new interface as the part- 
Icles are sheared. The energy values of the interface dis- 

locations and the chemical bonds are probably the most im- 

Portant parameters determining the properties and an energy 
2 Of 1., 500 ergs/cm satisfactorily explains the strength, 

0 
The relatively high value is indicative of the presence of 

strong particles which maxi#se the forces of interaction 
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between dislocations and particles, rebulting in high stren- 

gths. It is the shearing of strong particles which results 

in a restriction of slip and explains the consequent poor 

ductility of Fe-X-N alloys at peak strength. 

Application of the present work to high strength low 

alloy steelso where vanadiums niobium and nitrogen are 

common additionsl shows that in order to attain the highest 

strength increases the particles must be both fine and co- 

herent. The principle of producing a fine dispersion of co- 

herent particles by constant activity nitriding is not re- 

stricted to ferrous alloys, but can be applied to a wide 

range of alloys where the resultant homogeneous precipitation 

will. lead to a most effedtiveýmethod of metal strengthening. 

0 
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